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Abstract
The main objective of this study is to develop a high strength Al/Mg 
based composites at a reduced cost as compared to high strength Al-Mg 
binary alloys produced by equal channel angular pressing (ECAP). Typical 
high strength Al-Mg solid solution alloys are difficult to process due to low 
ductility and a high strain hardening rate. Hence, the study was aimed at 
processing such a composite by mixing pure aluminium and AZ31 Mg alloy 
chips, followed by further processing by ECAP. This would not only ease 
the processing of such material owing to pure Al in the system, but also 
demonstrate high strength due to the presence of magnesium. The entire 
study was divided into four parts. 
The first part involved investigations on the effect of temperature 
and strain on the microstructural evolution of pure aluminium. Here, pure Al 
samples were processed by ECAP route Bc up to 8 passes at room 
temperature (RT), 150°C, 250°C and 350°C. The microstructure evolution 
was studied using the electron back scattered diffraction (EBSD) technique. 
EBSD scans were used to investigate grain shape, grain size distribution, 
grain size evolution and their related mechanisms. Stored energy 
calculations were performed using the mean grain size and grain boundary 
fractions from the EBSD data. The calculations were used to identify the 
evolution of geometrically necessary boundaries (GNBs) and statistically 
stored dislocations (SSDs) with respect to increasing strain. Recovery and 
recrystallization mechanisms were also investigated in relation to 
temperature and strain. Microhardness investigations were performed and 
correlated to the microstructure evolution. Finally, texture evolution was 
studied using the x-ray goniometer. The texture development corresponded 
to the different mechanisms involved in the microstructure evolution of pure 
Al. These investigations were conducted to understand the behaviour of 
x

pure Al with increasing strain and temperature with the purpose to obtain 
significant grain refinement even at high temperature when co-deformed 
with the less deformable AZ31 alloy. 
The second part concerned fabrication of an ECAP’ed Al/AZ31 
core-shell structure at elevated temperatures. One intended to understand the 
interfacial characteristics when Al and the AZ31 alloy were co-deformed. 
Accordingly, the interface characteristics were studied using SEM equipped 
with an energy dispersive spectrometry (EDS) system, but also applying the 
electron probe microanalysis (EPMA) technique. The samples were initially 
deformed at 250°C for 1 pass. However, since AZ31 cracked at that 
temperature, samples were processed at 350°C. Effects of increasing strain 
up to 6 passes by ECAP route Bc was investigated, and mechanisms were 
laid out for different constituents formed at the interface. Tensile tests and 
microhardness measurements were also performed and correlated to the 
influence of the interface. The microstructure evolution was also 
investigated using EBSD scans and linked to the interface effect. 
Thirdly, a macrocomposite was prepared using the knowledge 
obtained from the above results on pure Al and Al/AZ31 rod type structure. 
It was concluded that at least 350°C was necessary to co-deform AZ31 and 
Al without premature cracking. Also, only a limited strength could be 
achieved with a single brittle interface owing to the thick intermetallic 
phases. Hence multiple interfaces containing intermetallics was foreseen as 
necessary along with a high deformation temperature (T  350°C). A high 
strength composite was thus prepared using screw extrusion of a mixture of 
Al and AZ31 chips at ~ 400°C. The as-extruded sample was further 
processed by ECAP at 200°C for 1 pass. The microstructure of the Al/Mg 
macrocomposite was then studied using optical and electron microscopy 
techniques. Tensile tests were performed on both as-screw extruded and the 
ECAPed samples to demonstrate the increase in yield strength and ultimate 
xi

tensile strength (UTS). In addition, the ECAPed specimen was further rolled 
to ~2.7 von Mises strain for comparison. The macrocomposite was also 
compared to existing alloys, and the advantages and limitations of the same 
were also discussed.  The potential of the Al/Mg macrocomposite prepared 
from chips was explained accordingly based on the microstructure, presence 
of intermetallics, solid solution of Mg in Al and their dislocation 
interactions. 
A crude physical model was developed from the results obtained for 
the Al/Mg macrocomposite and the possible importance of this new genre of 
material was explained. Potential applications of such a material were also 
suggested. 
The final and fourth part consisted of a study of Al/Al and Al/3103 
sheet composites. This study was aimed at a better understanding of the 
interface characteristics. Al/Al composites were used to study the 
experimental parameters and the Al/3103 composites were used to study the 
effect of interface on material behaviour at constant experimental 
parameters. Al/Al samples were subjected to ECAP by placing three sheets 
on top of each other and then ECAPed at RT. Different parameters such as, 
effect of specimen length, effect of back pressure, effect of pressing speed 
and the effect of surface roughness were studied. Microstructure was also 
investigated using EBSD data. Al/3103 samples were processed at constant 
optimised experimental parameters obtained from the Al/Al study. The 
microstructure evolution was studied using EBSD and transmission electron 
microscopy (TEM) images. Finally, the microstructure evolution in the 
Al/3103 composite was correlated to the Al/Mg macrocomposite processed 
by ECAP. 
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Chapter 1 Introduction  
 The demand for aluminium products in the automotive sector is 
continuously increasing owing to the technology development and global focus on 
emissions and CO2 energy reduction. Figure 1.1 reveals the evolution of Al usage 
in a car since 1980 as reported by European aluminium association (EAA) [1].  
A clear increase in the amount of Al used per car can be observed. 
Aluminium is a light metal and hence reduces the amount of fuel spent by 
automobiles thus reducing the emission of greenhouse gases. Further, recycling of 
aluminium is increasingly emphasized and represents a sustainable development. It 
is believed that about 95% of the energy can be saved by recycling Al. Further, 
95% of the Al  can be recovered by recycling within transportation and especially 
for cars [1]. Currently, efforts are being taken to reduce the usage of steel and iron 
alloys in order to save energy. Al and Mg alloys and their composites are emerging 
as the alternative materials to replace steels. The potential applications of Al based 
materials in a car are numerous and they are normally part of new technological 
Figure 1.1. Evolution of aluminium content in a car [1]. 
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developments. Figure 1.2 gives an account of potential applications of Al in a car 
[1]. 
  
Moderate to high strength Al alloys are widely used in automotive, 
construction, electronics and space sectors. Most of these conventional alloys are 
cast, shaped and heat treated before entering the market. 
 Recently, the application of severely plastically deformed Al-Mg alloys 
has gained importance owing to their light weight. In addition, high solubility of 
Mg in Al leads to high strengthening potentials. However, the cost of these alloys 
can be relatively high. Hence, in order to increase both the strength-to-weight ratio, 
as compared to conventional Al alloys, and at the same time reduce the energy 
consumption, fabrication of a novel Al/Mg composite processed from laboratory 
made chips was initiated. The approach can be extended further to replace chips 
with industrial scrap. The present study is therefore a preliminary stage in the 
development of a new genre of bi-metal composites. 
 Detailed and systematic investigations were recently carried out on the 
energy reduction and the feasibility of processing Al alloy scrap by equal channel 
Figure 1.2. Potential applications of aluminium in a car [1].
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angular pressing (ECAP) [2]. It was found that processing scrap by SPD would 
lead to a maximum of 93% energy reduction. 
 In order to develop the bi-metal composite, pure aluminium and an Mg-
3wt% Al alloy (AZ31) was considered. The magnesium alloy was primarily 
selected due to the difficulty in machining pure Mg into fine chips/turnings, i.e. 
pyrophoric nature. However, the AZ31 alloy is difficult to extrude in the as-cast 
condition and hence pure Al was added in order to facilitate successful plastic 
deformation of the bi-metal.  
Accordingly, the entire study was divided into four parts. The first part 
involved a systematic study aiming to understand the behaviour of pure aluminium 
with regard to deformation temperature and strain. A series of samples of pure Al 
were processed at room temperature (RT), 150°C, 250°C and 350°C by ECAP 
route Bc up to 8 passes. The pure Al study was intended to gain knowledge on the 
evolution of the microstructure in Al at higher temperatures as compared to RT, in 
particular, exploring whether the possible grain refinement could be achieved at 
elevated temperatures. The higher temperature was considered necessary for 
compensating for the deformation difficulty of the AZ31 alloy used. 
 In the second part, co-deformation of Al/AZ31 by ECAP was carried out 
as a core-shell structure at the lowest possible elevated temperature in order to 
obtain both grain refinement and also avoid premature cracking in the Mg alloy. 
This part also intended to examine the interface characteristics that can be achieved 
by combining pure Al with the AZ31 alloy. These investigations were primarily 
focussed on the composition at interfaces, bonding mechanisms and further the 
effect of interfaces on the surrounding microstructure evolution.   
 The work was then, in the third part concentrated on the development of 
the desired composite containing Al and AZ31 machined chips. It involved high 
temperature co-extrusion of the chips into a composite containing Mg and Al 
islands. Subsequently, further processing of the composite by ECAP at a relative 
lower temperature was carried out. In addition, the composite was subsequently 
deformed at RT by cold-rolling. Finally, all these samples were subjected to tensile 
tests for estimating the yield strength, ultimate tensile strength (UTS) and the 
4 
elongation to fracture. The mechanical test results were promising as compared to 
the existing conventional counterparts. 
 Finally, the fourth part involved investigations of layered laminates 
processed by ECAP. These investigations were aimed at optimising the process 
itself by understanding the mechanisms and the evolution of interfaces upon ECAP 
processing, and also revealing the behaviour of such laminates subjected to 
optimised experimental parameters. 
 In summary, the present study provides an insight into fabricating a new 
genre of bi-metal composites that contain Al and Mg and how to improve their 
properties by controlling the processing parameters. For instance, the strain 
hardening rate can be influenced by controlling the amount of dissolution of Mg in 
Al by lowering the deformation temperature and strain. Hence, these types of 
materials provide a wide choice of alternate alloys for specialized applications 
challenging the currently used conventional light alloys. However, the present 
work is probably the first work of its kind and should be considered as such. 
Nevertheless, it is believed that the originality of the work is present and could 
open doors for more investigations on these types of bi-metal composites. 
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Chapter 2 Literature background 
2.1 Equal channel angular pressing (ECAP) 
2.1.1 General introduction to ECAP
Professor Richard Feynman's famous lecture titled “There is a plenty of 
room at the bottom” in the late 1950’s has inspired many scientists around the 
globe to study “Nanotechnology” [3]. Both the top-down approach involving the 
breakup of macro entities into small nano-entities and the bottom-up approach 
involving the aggregation of atoms and molecules and their subsequent build up 
into nano-entities have been developed. ECAP is one of the techniques used in the 
top down approach to fabricate ultrafine grained and nano grained metals, alloys 
and composites. ECAP was first developed in the former Soviet Union by 
V.M.Segal [4]. Although this technique has been well proven to introduce high 
shear in the material leading to better properties, it did not capture the interest of 
the west and the development was much limited to within the then USSR. It is the 
enhanced superplasticity at high strain rates at relatively low temperatures observed 
in these materials that led to the now commendable NANOSPD organization [5] 
and wide research efforts around the world (NanoSPD conferences, Bulk Nano 
Materials (BNM) conferences, private communications between eminent research 
experts, collaborations etc.). 
ECAP involves pressing the material through an intersection of two equal 
channels at an angle to each other. In common practice, most of the dies have a 
right angled intersection. A typical schematic illustration of a right angled ECAP 
die is shown in Fig 2.1 [6].  
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The principle of ECAP is based upon “simple shear” type deformation. 
When a billet is pressed through the channel, the material undergoes simple shear 
at the intersection of the two channels. As the two intersecting channels are equal 
in dimensions, the sample does not undergo a change in the shape and hence it is 
possible to induct more strain into the sample without any change in the cross 
section. The geometry of the die determines the direction in which simple shear 
occurs and the amount of shear. The total amount of accumulated shear 
deformation is proportional to the number of pressings. Hence, very large strains 
can be achieved even at room temperature for most of the Al alloys. 
2.1.2 Physical characteristics  
Geometry of the die 
 The geometry of the die is a very important physical characteristic that 
determines the macro shear plane and the amount of shear that can be imparted 
during each pass. The die geometry can be represented by three parameters, angle 
ĭ between the intersecting channels, the arc of curvature, ȥ, and the cross section 
area. Among these parameters, arc of curvature is a parameter representing the 
practicality of the processing and is defined as the arc of curvature of the outer 
edge of the ECAP die. A schematic diagram representing the flow of a unit cubic 
element during the course of the various ECAP routes is shown in Fig 2.2 [7] .  
Figure 2.1. Schematic representation of typical ECAP process [6]. 
x-axis = ED, y-axis = TD, 
z-axis = ND 
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Iwahashi et al. [8] derived an equation to calculate the shear strain (Ȗ)  
imposed on the material during each pass and is given by 
    ߛ ൌ ʹ  ቀĭଶ ൅
ȥ
ଶቁ ൅ ȥ ቀ
ĭ
ଶ ൅
ȥ
ଶቁ  
      
                       (2.1) 
Figure 2.2. Schematic representation of shearing of a cubic element during each ECAP 
pass up to 8 passes for the six standard deformation routes [7]. 
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It can be seen that the above equation reduces to 2cot
2
φγ = , when ȥ=0. The 
accumulated equivalent strain after a number of passes, N, was expressed as, 
                                         
.
3n
N
ε γ=                                                          (2.2) 
Figure 2.3 shows the variation of equivalent strain as a function of 
intersecting angle, ĭ, and the arc of curvature, ȥ [9]. It can be seen that the effect 
of ȥ is insignificant when the channel angle is greater than 90°. Also the strain 
decreases linearly with increase in the channel angle beyond 90°. For acute angles, 
the increase in strain is exponential with a decrease in the angle (ĭ) and increasing 
ȥ has a small negative effect on the equivalent strain.  
Effect of pressing speed  
 The effect of pressing speed on the material processing is limited. The 
present results so far show that there is minor influence of the pressing speed on 
the microstructure evolution. Yamaguchi et al. [10] showed that adiabatic heating 
during high pressing speeds is important only for high strength materials 
processing. However, Berbon et al. [11] reported that for pure Al and an Al-1% Mg 
Figure 2.3.  Equivalent strain as a function of angle of intersection and angle of 
curvature for 1 pass ECAP [9]. 
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Route A involves repeatedly pressing with no rotation of the sample during 
subsequent pressings. In route BA, the sample is rotated 90° in alternate directions 
between consecutive passes. Route C is carried out by rotating the sample 180° 
between the passes, whereas route BC involves rotating the sample 90° in the 
counter clockwise (CCW) direction after each pass. Figure 2.2 above shows a 
schematic representation of the shear patterns in all the three planes up to 8 passes 
of ECAP. Firstly, it is obvious that the routes A and BA have similar shear 
characteristics, while route B and route C are similar. Strain is redundant in route 
BC after every fourth pass and after every second pass for route C. Also route A 
and route C do not show any deformation along the z-plane. Hence, for a better 
grain refinement, imposed by successive shear, route BC can be preferred over 
route A and BA because the strain is reversed in route BC and allows imparting of 
more strain than either of them. Route BC is also better than route C because route 
Figure 2.5. Schematic representation of the shearing patterns for different basic 
processing routes in ECAP [13]. 
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C does not undergo deformation along the z-plane. However, the selection of a 
particular route or combination of routes, tailor-made to suit the desired application 
of the material and a combination of the basic routes can also be used to enhance 
the properties. 
Effect of back pressure  
 Back pressure (BP) is another value added parameter that could enhance 
the grain refinement mechanism in ECAP processing. The back pressure has lot of 
influence in the ECAP process itself and also in the grain refinement. Figure 2.6 
shows a schematic representation of the BP die [14]. BP majorly prevents cracking 
in samples that are less ductile. Valiev et al. [15] showed that copper samples, 
which cracked after 12 passes, revealed no cracking even after 16 passes in the 
presence of back pressure. It is believed that back pressure also influences the grain 
size evolution. McKenzie et al. [16] reported that an AA6016 alloy showed smaller 
average grain size after pressing with an increase in back pressure. Back pressure 
can also be used to provide more uniform metal flow during ECAP. Without the 
BP, there can be a possible dead zone where the metal is not sheared and also 
formation of a wide fan shape zone instead of a narrow shear line type zone. BP 
can be applied either by a separate punch on the exit of the channel (Fig 2.6) [17] 
or a viscous medium, put in front of the sample can also be used [6]. 
Figure 2.6 Schematic representation of the BP die [14].
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2.1.3 Material characteristics
Grain refinement  
 Grain refinement in materials processed at room temperature (RT) by 
ECAP is one of the most striking features of ECAP and the most studied area of 
interest. The ability of the ECAP in fabricating extremely fine grains down to few 
tens of nanometres makes it a very attractive technique both to research and 
commercial applications. Pure metals generally show a relatively larger grain size 
compared to their alloys. Iwahashi et al. studied the microstructure of 
polycrystalline pure aluminium after ECAP [13]. They found that with one pass, 
the material obtained a similar behaviour as that in a single crystal, e.g. with the 
formation of sub-grains with low angle misorientation between them. With an 
increase in strain ~4, say four passes, the sub-grains evolve themselves into high 
angle grain boundaries. Pure Cu and Ti also showed similar results wherein the 
initial sub-grain structure evolves into a more homogeneous equiaxed structure 
with the increase in number of passes [18]. The grain size after 6 passes for pure Al 
by route B at room temperature was found to be close to 1 μm, whereas the grains 
were refined close to 400 nm after 6 passes in an Al-1 wt% Mg alloy [19].  
Homogeneity of the evolved grain structure depends on many parameters 
such as processing route, effective deformation temperature, size of the processing 
die channel, stacking fault energy of the material, etc. The presence of second 
phase particles also affects the grain structure homogeneity. It has been shown that 
route Bc is the most suited for obtaining homogeneous microstructures as 
compared to other routes [20, 21]. The size of the processing die channel, to some 
extent affects the homogeneity. Smaller dimensions mean that the shear zone is 
close to the ideal narrow shear zone and hence the material undergoes more 
uniform shear. Larger dimensions would result in a wider shearing zone, thus 
increasing the area of the fan shaped zone. The area of the dead zone located at the 
bottom of the channel intersection is also higher with increased dimensions. This 
leads to a non-homogeneous structure of the material. Further, the stacking fault 
energy (SFE) of the material also affects the homogeneity condition [22]. In 
previous studies, Al had larger grain size and a much more homogeneous structure 
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than Cu, which showed a very fine grain size but an inhomogeneous structure [23, 
24]. Ni, which has an SFE between Cu and Al, showed finer grain size than Al and 
also a reasonably homogeneous grain structure. Materials with high stacking fault 
energy tend to form more homogeneous structures but at the expense of grain 
refinement.  
Mechanical properties 
 Materials subjected to ECAP generally demonstrate high strength at the 
expense of loss of ductility. A significant increase in the yield strength (YS) and 
the ultimate tensile strength (UTS) can be expected when materials are pressed at 
room temperature. Although a decrease in ductility is observed even after post-
ECAP treatment. ECAP usually shows higher ductility than the conventional cold 
working processes. For example, Horita et al. showed that an ECAP’ed 3004 alloy 
is more ductile than cold rolled 3004 alloy [25]. Processing of pure Cu also yielded 
similar results [15]. Deformation mechanisms such as grain boundary sliding and 
grain rotation have been proposed as an explanation for the observation of 
increased ductility. Wang et al. [26] reported that pure Cu processed by ECAP 
followed by rolling at liquid nitrogen temperature and then heating to 450 K,  
produced a bi-modal grain size distribution, leading to increased strength along 
with increased ductility. The engineering stress-strain curves in Fig 2.7 show that 
curve E (93% cold worked and annealed at 200°C for 3 min) has a significant 
higher combination of strength and ductility than curve A (annealed, coarse grained 
Cu).  
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Alternatively, thermo-mechanical treatments after ECAP can also lead to 
an increase in ductility. Pre-ECAP solid-solution treatment combined with post-
ECAP precipitation hardening in a 6061 Al alloy lead to an increase in about 40% 
of the UTS and yield stress [27]. ECAP of the  2024 Al alloy in solutionised 
condition followed by low temperature ageing also showed excellent enhancement 
in yield strength coupled with good ductility  [28]. 
Texture evolution 
Plastic anisotropy of a polycrystalline material makes the evolution of 
texture an important issue, especially when combined with the investigations of the 
microstructural evolution. Texture evolution is very important as the deformation 
kinetics and mechanisms represent a tool for understanding ECAP’ed materials. As 
the material deforms, the arrangement of the active slip systems determines how 
the microstructure evolves. The microstructure evolution depends on various 
factors such as initial texture and composition of the material, die geometry (ȥ and 
die angle) and other processing parameters such as temperature, pressing speed and 
Figure 2.7. Engineering stress-strain curves of nanostructured Cu. Curve A, annealed, coarse-
grained Cu; B, room temperature rolling to 95% cold work (CW); C, liquid-nitrogen-temperature 
rolling to 93% CW; D, 93% CW + 180 °C, 3 min.; and E, 93% CW + 200 °C, 3 min [26].
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the processing route.  There have been a number of reports on the texture evolution 
of FCC metals and alloys during ECAP [29-34]. The texture evolution in ECAP is 
explained by the simple shear model. The simple shear model was first proposed 
by Segal et al. [35] and assumes a simple shear occurring along the intersection of 
the die channel. However, the die angle is assumed to be a sharp right angle i.e. ȥ
is 0, and that there is no superimposed friction. The ideal orientations during ECAP 
for FCC materials for a 90° die  [1], are shown in pole figures (Fig 2.8) and 
tabulated below (Table 2.1).  
  
Table 2.1 Main ideal orientations in simple shear deformation of FCC materials. 
Given in the ĭ2 = 0°, 45° and 90° sections with ĭ1 = 0–270° only [36]. 
Notation {hkl}<uvw> 
Euler angles (°) 
ĭ1 ĭ ĭ2 
A1* (111) [-1-12] 
35.26/215.26 45 0/90
125.26 90 45 
Figure 2.8. Typical texture (1 1 1) pole figures of textures with the main ideal orientations (A*1ș, 
A*2ș, Aș/࡭ഥș, Bș/۰ഥș, Cș) and fiber textures (<1 1 0>ș and {1 1 1}ș) of FCC materials after ECAP with 
ĭ = 90°.  The textures are derived for negative simple shear by a 45° CCW-rotation around the z-
axis. The arrows indicate the sense of shear. Here x, y, z axes are ED, ND, TD respectively [36]. 
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The ideal orientations for different crystal structures are determined by 
their respective simple shear textures except that in ECAP the shear direction is 45º 
in the XY plane (see Fig 2.1). However, the experimental observations of the 
textures show that there is a deviation of about 20º from the ideal orientations and 
this ‘tilt’, as referred to by Beyerlein et al. [36], is due to a variety of reasons. 
These authors argue that the tilt is very similar to the effect of axial stresses as in 
fixed end torsion or from the lengthening/shortening of the specimen in ECAP.  
The effect of the broad deformation fan-zone originating from the round 
corners of the die was also discussed as to the deviation of ideal orientations. Apart 
from the above mentioned experimental effects, the polycrystal model itself could 
be a source of error. While the model used by Beyerlein et al., i.e. the so called 
visco plastic self-consistent (VPSC) model, showed some tilting around TD, the 
effect of the latent hardening coefficient cannot be neglected. The texture evolution 
gets even more complicated when using route C and route Bc as the sample is 
rotated 180º and 90º respectively every turn. This leads to some ambiguity in this 
present model. The most important fact is that the simple shear model cannot 
explain the increase in texture intensity with increasing number of passes up to 4 
by route Bc. The saturation of texture after a large number of passes has so far not 
been clearly explained. However, Gholinia et al. [37] proposed that a 
disproportionate effect of the plane strain component existing in the deformation 
zone during ECAP, may lead to rotation of a primary ‘B’ fibre around TD.  
A2* (111) [11-2] 
144.74 45 0/90
54.74/234.74 90 45 
A (1-11) [110] 0 35.26 45 
ܣҧ (-11-1) [-1-10] 180 35.26 45 
B (1-11) [110] 0/120/240 54.74 45 
ܤത (-11-1) [-1-10] 60/180 54.74 45 
C {001}<110> 
90/270 45 0/90
0/180 90 45 
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Material characteristics also affect the evolution of texture during ECAP. 
Stacking fault energy (SFE) is one such material property that leads to different 
textures. Low SFE FCC materials show a {112} <110> instead of a strong C 
component [38]. However, SFE can only be effective at higher strains when there 
is a transition in deformation mechanisms such as from twinning to more dominant 
dislocation glide and a corresponding sub-structure evolution etc. Also sub-
structure by itself, affects the evolution of texture. Deformation bands formed 
within the grains may use different slip systems and hence alter the slip activity. 
Each deformation band evolves during subsequent passes leading to a change in the 
overall texture components. Xue et al. [39] studied Cu subjected to ECAP and 
found that the boundaries formed along the primary ECAP shear plane in the first 
pass add an intersecting set of boundaries after second pass. This leads to the 
refinement by recovery of intersecting junctions and equiaxed grains are being 
formed.  
 Deformation twinning is a more important mechanism in HCP materials 
than in FCC materials with low SFE. In FCC metals, twinning assists in grain 
refinement. However, twinning in HCP materials has a greater effect in the 
evolution of deformation texture. The texture thus evolved depends on alloying 
content, c/a ratio, strain rate, initial orientation and temperature [36, 40-43]. Most 
of the research in the texture evolution in HCP materials has been restricted to Mg 
and Ti alloys [44-48]. Different twinning modes and twins were observed in 
different HCP materials. For example, in Ti alloys and pure Ti subjected to ECAP, 
ሼͳͲͳതͳሽ twinning is more prominent [48, 49]. In ECAP of Zr ሼͳͲͳതʹሽ  twinning 
seems important to the texture evolution in addition to crystallographic slip [50]. 
ሼͳͲͳതʹሽ ൏ ͳͲͳതͳ ൐ twins are the most commonly observed twinning mechanisms 
for ECAP of Mg and its alloys [44-46, 51]. Interestingly, Be did not undergo 
twinning at all at high temperatures [52, 53] after ECAP. This could be the effect 
of changing the operating mechanism from twinning to dislocation glide. 
 Reports on texture evolution of high stacking fault metals at room 
temperature show that a typical torsion texture with a partial ‘B’ fibre {hkl}<110> 
along with a  less strong partial ‘A’ fibre {111}<uvw> are present [36].  Further, Li 
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et al. [54] reported  a comparative study between Cu and Al  (Fig 2.9). Cu showed 
uniform orientation density along these fibres but Al showed orientation 
distributions highly concentrated around Cș. This was attributed to the difference in 
SFE of the metals. El Danaf [55] studied the texture evolution of commercially 
pure Al after 16 passes at RT and showed that the texture was similar to that 
observed by Li et al. and a weakening of texture occurred with increasing passes. 
The initial texture is also an important factor for the final textures evolved. 
The ECAP processing route may also have a large influence on twinning in HCP 
materials. For example, Shin et al. [49] showed that different deformation textures 
evolved with different processing routes for an initial basal texture along the billet 
axis of CP-Ti. Although the first pass introduced ሼͳͲͳതͳሽ compressive twins, 
further processing lead to different textures. Route A led to secondary twinning, 
however no twinning was observed by route Bc and C.
;ŚͿ
;ĨͿ
;ŐͿ
Figure 2.9. (1 1 1) pole figures showing textures in Cu samples after 1, 2 and 4 passes: (a) measured; 
(b)–(d) simulated by the VPSC model using deformation history from the (b) simple shear, (c) fan 
and (d) FE models, respectively. Pole figures (e)-(h) are similar to (a)-(d) but are for Al [54]. 
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2.1.4 Other material properties  
 Fatigue 
Fatigue is an important material property for metals processed by ECAP. 
Fatigue can be divided into two regimes viz. low cycle fatigue (LCF) and high 
cycle fatigue (HCF) with regard to the subjected strain amplitudes. HCF involves 
resistance to crack initiation and in LCF crack propagation occurs easily. Ideally, a 
material should have high strength and high ductility to sustain a high fatigue 
endurance in both LCF and HCF regimes. Fortunately, UFG materials have a high 
strength combined with sufficient ductility, and thus are expected to fit into both 
these regimes as good fatigue resistant materials. 
Under stress controlled loading, the UFG materials exhibit very good 
fatigue resistance. For instance, Hanlon et al. [56] studied fatigue in both 
nanocrystalline (NC) Ni and a cryorolled Al-Mg alloy and stated that UFG Ni 
produced by electrodeposition exhibits substantially higher resistance to stress-
controlled fatigue compared to conventional polycrystalline Ni. However, strain 
controlled fatigue life of the UFG materials has shown disappointing results for Al 
alloys and Cu. The fatigue life was found to be shorter than conventional coarse-
grained Cu and Al alloys counterparts [57, 58]. The reason for such behaviour was 
attributed to low thermal and mechanical stability and a strong tendency to recover 
the highly-deformed UFG structure [6]. Crack initiation upon localization of strain 
by cyclic loading, subsequently leading to failure by shear bands (SBs) is an 
important damage mechanism in UFG materials [6]. The formed SBs were 
‘‘persistent’’ as they reappeared on the surface after re-polishing [59]. However 
Vinogadrov et al. [60] studied the SPD Ti under fatigue and found that even under 
strain controlled testing, the same material showed an improved behaviour. This 
was attributed to a synergistic effect due to work hardening and grain refinement. 
Thermally active processes such as recrystallization and grain growth also seemed 
to occur due to cyclic plasticity. Hashimoto et al. [61] showed that lamellar grains 
undergo recrystallization whereas equiaxed grains do not undergo recrystallization 
in SPD commercially pure Cu during fatigue at room temperature. 
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Efforts to optimise the fatigue performance of UFG metals and alloys by 
ECAP have been going on. For instance, increasing the number of passes leads to a 
high monotonic strength and thereby improvement in the fatigue limit [62]. 
Thermo-mechanical treatments have also been found to assist the fatigue 
performance of ECAP’ed metals and alloys. Susceptibility of shear banding can be 
reduced in Cu and the fatigue life in LCF can be improved by an order of 
magnitude by annealing for 10 min at 523 K after ECAP [63]. Also post ECAP 
rolling of CP-Ti can lead to a significant increase in the fatigue limit [64]. Similar 
results have been observed for Al-Mg alloys [65]. 
Valiev and Langdon [6] suggested three approaches for fatigue life 
improvement. “The first is the achievement of a compromise between strength and 
ductility in a minimum number of passes of ECAP, where only a single pass is 
used, whenever possible, since this is a cost-effective procedure employing 
relatively small imposed strains. The second is the achievement of the maximum 
possible strength leading to high cycle fatigue life. The third is the achievement of 
both high strength and ductility through multipass ECAP leading to enhanced low 
and high cycle fatigue lives.” 
Superplasticity 
Superplasticity is a phenomenon where materials plastically deform to very 
large strains without any geometrical instability under tension at low stresses. This 
was first demonstrated by Jenkins [66] in 1928. Superplasticity can be achieved 
only under certain conditions [67], here directly referring: 
• The material must have fine grains which are equiaxed (10 μm) and must 
be thermally stable at high temperatures. This makes eutectic and eutectoid 
compositions quite suitable for producing finely dispersed phases. However 
with the advent of severe plastic deformation where the grain size can be 
reduced to a few hundreds of nanometres even in pure metals, superplasticity 
can be achieved in a wide variety of metals and alloys at a strain rates greater 
than 10-3 s-1.  
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• The strain rate sensitivity factor of the material must be high (m  0.3) as 
compared to ~0.1 seen in conventional deformation. The strain rate 
sensitivity ‘m’ is not a constant parameter and varies with temperature, strain 
rate and grain size. It increases with increasing temperature and strain rate 
but decreases with increasing grain size. This sensitivity is also influenced 
by solid solution contents such as in the Al-Mg alloys. 
• The processing temperature typical for superplastic materials is quite high 
(T0.5Tm) where, Tm is the melting temperature of the material. 
Grain boundary sliding (GBS) has been widely accepted as the most important 
mechanism for superplasticity in such metals and alloys [68-72]. However, GBS is 
often accompanied by several other mechanisms such as diffusion creep, a 
combination of GBS and GB migration and a combination of all the mechanisms 
[73, 74]. The steady state deformation rate which determines the rate of grain 
boundary sliding, is given by  
                                     ߝሶ ൌ ஺஽ீ௕௞் ቀ
௕
ௗቁ
௣ ቀఙீቁ
௡
                                                (2.3) 
where, ߝሶ is the steady state deformation rate, A is a dimensionless constant, D is 
the diffusion coefficient, G is the shear modulus, b is the Burgers vector, k is the 
Boltzmann’s constant and T is the absolute temperature. Further, ı is the applied 
stress, d is the grain size, p is the inverse grain size exponent and n is the stress 
exponent. The diffusion coefficient D is defined by, 
                                          ܦ ൌ ܦ௢Ǥ ݁ିቀ
ೂ
ೃ೅ቁ                                                 (2.4) 
Here, Do is a material constant, Q is the activation energy for the process, R is the 
gas constant and T is the absolute temperature. Although grain refinement in SPD 
treated materials has been of interest for researchers per se, superplasticity has been 
a particular motivation for the processing of materials by ECAP and other SPD 
techniques.  
Superplasticity in UFG materials processed by ECAP and other SPD 
techniques involves a material with grain size of ~200 nm with a lot of strain 
induced into the material. This leads to superplasticity at lower temperatures and 
higher strain rates [75-77]. This facilitates superplastic forming at shorter time 
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intervals, hence making the process viable for commercial low cost and high 
volume components rather than the present application being restricted to high end 
components for the defence sector and space sector [78].  
Valiev et al. [79] showed that it was possible to achieve superplasticity in 
Al-Cu-Zr and Al-Mg-Li-Zr alloys at a strain rate of 10-2 s-1 with a failure strain of 
1180% at 623 K. Superplasticity at temperatures as low as 433K for Al-Mg alloys 
was also reported by ECAP [78]. The following figure, Figure 2.10 shows 
superplasticity as a function of ECAP strain for the Al 7034 alloy processed at 
different temperatures [80]. It can be seen that with an increase in the number of 
passes, the material can be strained at higher strain rates as compared to that of 
materials subjected lower number of passes.  
Figure 2.10. Failure strain as a function of uniaxial strain rate at 
various temperatures for 7034 Al alloy subjected to ECAP [80].
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Islamgaliev et al. [81] also reported a shift in the peak values of failure 
strain vs. strain rate to the higher strain rate regime for an Al-Mg-Li-Zr alloy. 
Although significant elongation has been observed in Al alloys, superplasticity is 
of more expediency to the difficult-to-deform brittle materials, such as Mg alloys 
which cannot be deformed at room temperature due to the limited number of active 
slip systems in the HCP crystal structure. Mg alloys are lighter than Al alloys and 
hence could lead to a greater range of materials to be used in the automotive, 
aeronautics and defence sectors. However, magnesium and its alloys are much 
difficult to deform by ECAP especially at room temperature and grain refinement 
is limited. Yamashita et al. [82] showed that there was no significant refinement 
even after 3 passes ECAP at 673 K in pure Mg.  
Further Horita et al. [83] showed that extrusion of Mg alloys before ECAP 
can lead to significant improvements in superplastic properties. They reported 
superplastic behaviour of Mg-Al alloys by such combined processing up to an 
elongation of about 800% at 473 K at a strain rate of 10-4 s-1. 
Functional properties 
 Severely plastically deformed materials are not only strong and potentially 
robust for structural applications but also exhibit enhanced functional properties. 
The most interesting and the most widely studied of these materials are Ti and its 
alloys for biomedical applications. Commercially pure Ti (CP Ti) and Ti-6Al-4V 
alloys are attractive for bio-medical applications mainly for their bio-compatibility, 
excellent corrosion resistance and high strength [84]. However, applications of 
pure Ti are limited owing to relatively low strength compared to other Ti alloys.  
On the contrary, second generation Ti based bio-materials containing 
alloying elements such as Nb, Mo, Ta, Zr etc. are not only very expensive but also 
increase the weight and toxicity of the material. Hence SPD treatment of CP Ti and 
Ti-6Al-4V alloys seems promising owing to a significant increase in strength and 
bio-compatibility. For instance, Park et al. [85] demonstrated that UFG CP Ti and 
Ti-6Al-4V showed enhanced osteoblasts response compared to conventional coarse 
grained material. The increase in the surface energy by reducing the grain size has 
been attributed to the increased bio compatibility.  
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Another important aspect of the bio-materials is the elastic modulus (E). 
Humans demand an E value close to that of the bone whereas surgeons demand an 
E value higher than bone to avoid spring back during and after the operation 
procedure [86]. One way to increase strength without increasing the modulus is to 
increase the number and density of dislocations. This means that processing of 
these materials by SPD will make them more compatible for both patients and 
surgeons. 
Shape memory alloys (SMAs) such as NiTi alloys exhibit enhanced shape 
memory effect and high strength by ECAP and other SPD techniques [6]. Pushin et 
al. [87] investigated Ti49.8Ni50.2 SMA by ECAP at 450°C up to 12 passes. It was 
found that the yield strength increases up to 100% and the UTS increases ~30% 
after ECAP. Also, the ductility of the SMA was increased by annealing the alloy at 
500 °C after ECAP. The grain size was reduced from 80 μm to 250 nm after 8 
passes. All the transformation temperatures decreased with increasing number of 
ECAP passes and were much lower than in the quenched state. The grains were 
also found to be thermally stable up to 500°C. The maximum recoverable strain, 
which is another important shape memory parameter, also increased with 
increasing number of ECAP passes. Stolyarov et al. [88] observed a record 9% 
maximum recoverable strain for the same material after four ECAP passes which 
could not be obtained by conventional processing and thermo-mechanical 
treatments.  
SPD treated materials also show enhanced magnetic properties. A 
comparative study of anisotropic ((Nd0.55Ho0.45)2(Fe0.8Co0.2)14B) and isotropic 
(Y2(Fe0.8Co0.2)14B) magnetic materials  on the hysteresis magnetic properties, 
showed that both anisotropic and isotropic materials exhibit high coercive fields 
compared to conventional bulk materials [89]. Suehiro et al. [90] also observed a 
change in the magnetic property of the Cu - 6.5 wt% Co magnetic alloy. They 
found that the coercive force increased almost twice with one pass ECAP. They 
attributed this to the fragmentation of Co particles in the matrix by ECAP shear.  
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2.2 ECAP of aluminium and its alloys 
 2.2.1 ECAP of pure aluminium 
Aluminium and its alloys are one of the widely studied materials by severe 
plastic deformation. This is because of high deformability and the ease of 
processing. Pure aluminium with its distinct material characteristics such as high 
SFE, high ductility, high recovery rates etc., is particularly interesting to study as it 
can be useful both for examining processing behaviour and material behaviour 
during ECAP. Extensive studies have been conducted on ECAP of pure Al at room 
temperature [13, 91-101].  
Early works by Iwahashi et al. [101] and [13] showed that pure Al can be 
refined to 1 μm after 4 passes at room temperature and attributed the grain 
refinement due to the sub-grain evolution into high angle grain boundaries. 
Skrotzki et al. [102] investigated the microstructure evolution of ultra-high purity 
Al subjected to ECAP at room temperature and found that 5N Al (99.999% pure) 
undergoes discontinuous dynamic recrystallization at RT. Horita et al. compared 
the grain refinement behaviour of pure Al, pure Au and pure Cu [103]. They found 
that with increase in the number of passes, both 4N Al and 5N Al decrease in 
hardness after increasing up to 2 passes. However, 5N Al showed a more 
significant decrease as compared to 4N Al.  
On the contrary, the hardness values of 3N Cu and 7N Cu increased with 
increase in the number of passes and showed similar hardness values. In other 
words, purity did not affect the microstructure evolution in Cu as much as it did in 
Al. 5N Au showed that no difference in hardness values were observed between 
RT processing and processing at 427 K. It was concluded that the difference in 
SFE of the Al, Cu and Au contributed to the difference in their grain refining 
behaviour. 
 2.2.2 ECAP of Al alloys 
 Al alloys can be broadly classified into two groups based on their 
precipitation behaviour viz. non heat treatable alloys and heat treatable alloys. 
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Non heat treatable alloys 
 Non heat treatable Al alloys are strengthened from the solid solution, i.e. of 
solute elements dissolved in Al. Although some precipitation may occur, principal 
strengthening mechanisms are due to solute hardening. Some of the alloys that fall 
into this category are commercial purity Al (1xxx series), Al-Mg alloys (5xxx 
series), and Al-Mn alloys (3xxx series). For these alloys, the effect of alloying has 
a very significant role to play in microstructure evolution and regarding mechanical 
properties. Figure 2.11 shows the UTS versus different conditions and elements for 
non-heat treatable alloys [21]. The ‘O’ temper refers to annealed condition, H18 
refers to the cold rolled condition and H38 refers to the cold rolled and stabilized 
condition. Al-Mg alloys are very interesting among the non-heat treatable Al 
alloys. This is because, Mg is the most preferred solid solution strengthening 
element owing to its high solubility and high atomic size misfit (13%).  
     
Figure 2.11 UTS as a function of alloying additions in aluminium for various non-
heat treatable alloys under O-temper and as-rolled conditions [21].
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A lot of research is being carried out in Al-Mg alloys by SPD [104-110]. 
Murashkin et al. [111] showed that the 1570 Al-Mg alloy can demonstrate a “super 
strength” of 950 MPa and with a reasonable 4.5% ductility after high pressure 
torsion (HPT). ECAP of Al-2.7 Mg showed that the strength can be increased to 
400 MPa after only 4 passes [112]. Annealing of a 5083 Al alloy deformed at 
cryogenic temperature has been reported to show a good combination of uniform 
elongation and high strength [113]. This is due to the suppression of recovery when 
processed at cryogenic temperatures. 
Thermal stability studies in Al-3 wt% Mg showed that non-equilibrium 
grain boundaries were formed during ECAP and this led to a microstructure 
instability and recrystallization of the alloy at 500-550 K [114]. Recently, Chen et 
al. [105] observed ultrafine grained twins in an Al-Mg alloy processed by ECAP at 
cryogenic temperatures. Furthermore, studies on a UFG Al-1 wt% Mg alloy 
showed that in compression, stage III work hardening decreased and vanished at a 
grain size of about 350 nm. They attributed this to the effect of grain size on 
kinetics of substructure evolution during the initial deformation [115]. The 
deformation behaviour of an Al-1.5 wt% Mg alloy subjected to ECAP at room 
temperature revealed an increase in strain rate sensitivity compared to the coarse 
grained counterpart [116]. It was also reported that the peak strain rate sensitivity 
shifted to lower temperature after ECAP. 
Heat treatable alloys 
 Heat treatable alloys are generally stronger than the non-heat treatable 
counterparts as they gain strength from precipitation of one or more elements 
dissolved in the matrix. The most common heat treatable Al alloys are Al-Cu alloys 
(2XXX series) and Al-Mg-Si (6XXX) alloys. A large number of studies were 
carried out on ECAP of Al heat treatable alloys, e.g. both to increase strength and 
for studying the precipitation behaviour under high strain [117-134]. Precipitation 
in these alloys can occur at room temperature (age hardening) as in Al-Cu alloys, 
or at elevated temperature (precipitation hardening) as in AA6082 alloys or during 
deformation (dynamic precipitation). Precipitation during ECAP has not yet been 
fully understood. For instance, Roven et al. [135] observed dynamic precipitation 
28 
during ECAP of an Al-Mg-Si alloy even at room temperature, however Cabbibo et 
al. [136] reported that during ECAP of the 6082 Al alloy, Mg2Si precipitates were 
cut and fragmented by dislocations while Si particles dissolved into the matrix. A 
similar dissolution of theta prime and theta particles were observed in an Al-Cu 
alloy [137]. Another study on the 2024 Al-Cu alloy showed that grain growth was 
limited even after annealing at 300°C [138].  
Microstructure evolution of Al and Al alloys 
The primary aim of most of the research on pure Al and its alloys is to 
study the effective grain refinement that can be achieved by ECAP. Aluminium has 
a high SFE of about 160 mJm-2 [139] and undergoes a high rate of recovery [140]. 
In general, deformation involves the formation of geometrically necessary 
boundaries (GNBs) and incidental dislocation boundaries (IDBs) or statistically 
stored dislocations (SSDs). With increase in strain, GNBs evolve into deformation 
bands and increase the misorientation of boundaries with progressive strain. IDBs 
on the other hand, arrange themselves to a low energy configuration into cell 
structures [140]. However, certain alloy systems such as the Al-Mg alloys, do not 
form cells, instead, classical Taylor lattices are created [141].  
The evolution of these structures has been reported in the literature [141-
145]. Bay et al. [142] suggested a list of deformation structures for pure Al, e.g. 
cell blocks (CBs) which contain dislocation cells sharing same operating glide 
systems, dense dislocation walls (DDWs) separating cell blocks and contain high 
density of dislocations compared to the cells, microbands (MBs) which are similar 
to CBs but have smaller dislocation cells and higher misorientations than CBs.  
The theory explaining the microstructure evolution depends on low energy 
dislocation structures (LEDS), as formulated by Kuhlmann-Wilsdorf [146-150]. 
This theory also postulates the grain refinement mechanism.  
The LEDS hypothesis states that “among all microstructures that are in 
equilibrium with the applied stresses and are in principal accessible to 
dislocations, those are formed which minimize the energy of the system composed 
of the deforming material and the applied tractions” [150]. During the initial 
stages of deformation involving small strains to intermediate strains, grains deform 
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to form an array of CBs separated by DDWs thus collectively fulfilling the Taylor 
assumption for strain accommodation. However, the different CBs formed  as 
separate volume elements is due to the fact that not all the regions  within the grain 
have five independent operating slip systems as predicted by the Taylor theory 
owing to the energy criterion. GNBs are thus formed to accommodate the strain 
imposed to the material. These GNBs arrange themselves into DDWs which 
subsequently evolve into laminar boundaries (LBs) separating CBs at large strains.  
Figure 2.12 gives a schematic representation of these deformation 
structures [142].  The IDBs are formed by statistical trapping of mobile and stored 
dislocations with in a cell. At large strains, layers of elongated cells or sub-grains 
are formed in bands as a lamellar structure parallel to the deformation direction and 
are separated by LBs. 
Figure 2.12. Schematic illustrations of the changes in microstructure during cold rolling of pure 
aluminium. (a) 30% rolled, (b) 50% rolled, (c) 70% rolled, (d) 90% rolled  In (a)and (b) the 
DDWs are drawn as thick lines and sub-grains in MBs are dotted [142].  Markings A and B 
represent the two types of DDW-MB structures. 
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Furthermore, the spacing of GNBs and IDBs decreases with increasing 
strain or decreasing processing temperature. GNBs gradually increase their 
misorientation with increasing strain more rapidly up to ~20° as compared to the 
IDBs which increase slowly and reach a maximum at ~3° (see Fig 2.13 for the case 
of room temperature of nickel) [151]. 
  
All the above explanations have been based on rolling pure Al and those 
alloys forming cell structures on deformation. However, for SPD treated materials, 
the microstructure evolution is very similar except that the kinetics of deformation 
is altered. With increase in number of ECAP passes, the misorientation increases 
and the sub-grains accumulate additional dislocations thus resulting in sub-grain 
rotation forming high angle grain boundaries (HAGBs). By this, grains are formed 
from pre-existing sub-grains [6, 18]. 
 A typical Al-Mg binary phase diagram [152] is shown in Fig 2.14. The 
maximum solubility of Al in Mg is 11.8 at% at a eutectic temperature of 437°C 
according to the above phase diagram. Apart from the solid solution of Al in Mg 
and vice versa, different intermetallic phases can be identified from the phase 
Figure 2.13. Boundary spacing (D) and misorientation angle (ș) as 
a function of strain in cold-rolled Ni [151].
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diagram. The compound with an approximate stoichiometry of Al3Mg2, is the ȕ
phase and is within the range of 38.5 to 43.3 at% Mg, however, pure Al3Mg2  has a 
complex crystal structure and melting point of about  (refer). The line compound R 
is at the composition of 42 at% Mg. The compound Ȗ, with α Mn structure, at 45 to 
60 at% Mg has the stoichiometry Mg17 Al12 (58.6 at% Mg) [152].  This phase was 
found to occur at the grain boundaries either as narrow bands or octagonal 
precipitates inside grains [153]. The maximum solid solubility of Mg in Al is 18.9 
at % at the eutectic temperature of 450°C but above ~5.5% of Al, intermetallics 
such as Mg5 Al3, Mg5 Al8, Al3Mg2 etc. [154, 155] are formed at the grain 
boundaries making the material brittle. A table ontaining properties different 
phases in Al-Mg phse duiagram is shown as table by Ignat et al. [156] 
Figure 2.14 A typical Al-Mg binary phase diagram [152] 
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The addition of solute elements such as Mg reduces the formation of cell 
structures in Al.  A study on deformation of Al-Mg alloys showed that formation of 
the cell structure is suppressed during tensile testing upon increasing  addition of 
Mg, and cells completely disappear for an Al-7 wt% Mg alloy [157]. Transmission 
electron microscopy (TEM) studies on an Al-5.5 wt% Mg alloy showed that in 
non-cell forming metals and alloys, the microstructure evolution is characterized 
by a combination of three dimensional Taylor lattices (TLs), microbands and 
domain boundaries (DMBs) [141]. 
The Taylor lattice is a low energy incidental dislocation structure formed 
by rearrangement of by mutual trapping of dislocations, both mobile and stored, in 
order to reduce the energy per unit length of the dislocation lines. Figure 2.15 
shows a schematic representation of such a situation. DMBs are boundaries formed 
between the TLs by GNBs in order to accommodate strain at minimum possible 
energy.  
Although, this theory explains well the evolution of microstructures by 
conventional deformation techniques, microstructure evolution of such materials 
by SPD is less understood. ECAP of solid solution Al alloys with higher quantities 
of solutes are difficult to process for large number of passes owing to significant 
solute interactions with dislocations and strain localization leading to fracture. 
Figure 2.15. Schematic drawing of the subdivision of a grain in Taylor lattice forming 
metals. The dotted regions represent the Taylor lattice. DB in the picture refers to 
domain boundaries (DMBs) and MB= microbands [141].
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ECAP of high solute Al-Mg alloys at higher temperatures have been reported to 
undergo some localized static recrystallization in conjunction with increasing 
misorientations of the sub-structure, hence forming HAGBs with subsequent passes 
[158]. Dilute or low alloying content alloys are reported to evolve similar 
structures as in pure Al where the sub-structure forms initially and on repeated 
pressing increases the misorientations into HAGBs. The only difference is that the 
cell size in dilute Al-Mg alloys is much smaller than those observed in pure Al [18, 
105, 159].  
Furthermore, processing of heat treatable alloys has primarily been 
attributed to efforts to maximize strength by altering precipitation kinetics and at 
the same time refining the grains. The general idea is that during SPD processing, 
the precipitates may either break down into finer constituents thus effectively 
pinning the dislocations or dissolve into the matrix.  
Al-Mg- Si alloys and Al-Mg-Sc alloys are the most studied heat treatable 
Al alloys by ECAP. These are difficult to process to large strains at room 
temperature and higher temperatures are employed. Investigations on an Al-Mg-Sc 
alloy deformed at 300°C revealed that the microstructure evolved by continuous 
dynamic recrystallization (CDRX) in conjunction with static recrystallization in 
between the passes [160]. Also, the driving force for static recrystallization has 
been attributed to high dislocation density sub-structures suppressing recovery.   
Another study on the 6082 Al alloy showed that while recrystallization can 
be observed in the reference alloy at 315 °C, addition of Sc retained the ultra-fine 
structure up to 450°C [117]. An interesting report on the microstructure evolution 
of Zr and Zr+Sc dispersoids in a 6082 Al alloy [161], showed that Al3(Sc1-x,Zrx) 
were highly coherent with the matrix and hindered the formation of HAGBs. The 
dispersoids also pinned dislocation tangles, thereby generating large fraction of 
free dislocations. Further, ȕ-Mg2Si particles were fragmented and became finer 
thus pinning the dislocations. However, Si particles dissolved during SPD 
processing. 
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2.3 ECAP of magnesium and its alloys 
 Magnesium and its alloys are very much preferred in automobile industry, 
aerospace industry and defence sector over a large variety of other materials. This 
is primarily due to their low density, corrosion resistance and good damping 
capacity. Unlike Al alloys, which contain a vast range of alloying elements, the 
alloying in Mg is restricted to Al, Zn and rare earths for most of the commercial 
applications. Both Zn and Al increase the strength by solid solution strengthening. 
Zn has an enhanced effect on strengthening compared to Al  [162] as seen in Fig 
2.16. However, addition of Al to Mg increases the castability of Mg and hence 
preferred over Zn. 
A number of reports have been published on ECAP of pure magnesium 
[42, 82, 163-175]. However, most of the results indicate inability of significant 
grain refinement in pure Mg as compared to FCC materials and Mg alloys. The 
need for a high processing temperature, cracking due to twinning and presence of 
shear localization due to anisotropy, are reasons why the ECAP process is 
ineffective. However, with the application of back pressure, grain size can be 
refined to ~1 μm at room temperature without any premature cracking [167]. 
Similarly, ECAP of Mg alloys is very difficult at room temperature owing to the 
hexagonal close packed (HCP) structure making it brittle at RT. Hence, plastic 
deformation of Mg alloys is limited to high temperature processing.  
Figure 2.16. Effect of Zn and Al on the yield strength of Mg [162].
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However, recently a number of reports have been published on the 
microstructure evolution and properties of Mg alloys after ECAP [176-197]. It has 
so far been believed that grain refinement in Mg and its alloys by ECAP is 
difficult, primarily due to the  HCP crystal structure and the high processing 
temperature involved [82]. Figueiredo and Langdon [198, 199] laid down certain 
principles for processing Mg alloys. By extruding prior to ECAP, grain refinement 
in the ultra-fine regime is possible [200-204]. Alternatively, the usage of back 
pressure to prevent premature cracking was suggested [205]. Also increasing the 
channel angle ĭ and successive reductions in processing temperatures [206, 207] 
were suggested to refine grains in Mg alloys by ECAP.  
Within the grain refinement studies, authors propose a grain refinement 
mechanism where the new grains nucleate at the grain boundaries due to stress 
concentrations at boundaries along with subsequent activation of both basal and 
non-basal slip processes. This leads to an initial bimodal grain size distribution and 
with an increase in the number of ECAP passes, a more homogenized grain 
structure evolves. This is in contrast to a previously proposed refinement 
mechanism based on shear bands and dislocation entanglements within a grain 
[208]. 
 Another important aspect of processing Mg alloys by ECAP is the 
superplastic characteristics. Early works on the AZ91 alloy by Mabuchi et al. [209] 
showed that elongation up to 661% can be obtained by ECAP processing at 473 K. 
Viscous glide of dislocations has been attributed to such low temperature 
superplasticity. Another study by the same group on an AZ91 alloy showed that the 
existence of non-equilibrium boundaries exhibited lower superplasticity than with 
equilibrium boundaries [210]. Here, the effect of long range stresses associated 
with non-equilibrium boundaries hindering grain boundary sliding are used as an 
explanation.  
Further, processing of a commercial ZK60 Mg alloy showed a  record 
tensile ductility of about 2040% at 220°C at 4 x 10-4 s-1 [211]. Also, a combination 
of extrusion and ECAP for a Mg-9 wt% Al alloy revealed low temperature and 
high strain rate superplastic properties even after 2 ECAP passes  along with a  
significant grain refinement [201]. In the latter case, the alloy deformed up to 
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270% at 473 K at a strain rate of 10-2 s-1 under tension.  Another study compared 
the extruded AZ61 alloy and ECAP’ed AZ61 alloy and showed that the ECAP’ed 
alloy exhibited an extraordinary elongation of 1320% at 473 K at a strain rate of 
3.3 x 10-4 s-1 while the extruded counterpart elongated only 70% under identical 
conditions [212]. Also, a number of other papers reporting tensile elongations 
greater than 500% in Mg alloys have been published in the recent years [213-215].   
 The texture evolution in Mg during ECAP is not yet clearly understood. 
Texture studies  performed on magnesium single crystals processed by ECAP at 
503K for one pass were compared to the simulations using the VPSC model [216]. 
It was found that the orientation of the [001] and <100> axes with regard to the die 
channel was very important as it influenced the activation of different deformation 
modes during the initial stages of deformation. They also found that with the [001] 
axis parallel to the TD, activation of non-basal slip systems (both pyramidal and 
prismatic) occurred which prevented cracking. Absence of such a texture resulted 
in cracking along with the formation of shear bands. Beausir et al. [217] provided 
the ideal orientations for Mg by simple shear as shown in Table 2.2 and in Fig 
2.17. 
  
Fibre ĭ1° ĭ° ĭ2° 
B 45 90 0-60
P 45 0-90 30 
Y 45 30 0-60
C1 105 90 0-60
C2 165 90 0-60
Table 2.2. Ideal orientation fibres for HCP materials processed by ECAP [217]. 
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Further, Beausir et al. showed that textures contained c-type fibres with 
their axis of rotation parallel to the c-axis, whereas the nucleation of grains during 
dynamic recrystallization (DRX) took place in positions rotated around the c-axis. 
They also found that while large lattice rotations take place in route A and route C 
around the TD axis, the textures rotated little and also not around TD in route Bc. 
Li [218] also studied the texture evolution of HCP materials and found that the 
stable orientations for ECAP involve characteristic alignments of the <a> axis or 
<c> axis with respect to the macroscopic deformation axes. Another study by Al-
Maharbi et al. [219] on AZ31B, with two different initial textures revealed that 
there was a significant influence of the initial texture to the final texture. They 
found that the activity of prismatic slip reduced the amount of DRX occurring 
during ECAP of this alloy. Also the anisotropy increased when the initial texture 
had basal poles parallel to ED, while basal poles parallel to TD led to a relatively 
more random texture. 
Figure 2.17. The locations of the ideal fibers for ECAP textures of magnesium under simple 
shear loading : (a) (0 0 0 2) and (b) (10-10) pole figures. The main fibres are identified with thick 
thick lines are further identified in Table 2.2[213]. 
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2.4 ECAP of bi-metals 
 Bi-metals are materials that consist of two dissimilar metals joined together 
at an interface. The interface can be either a single interface or multiple interfaces. 
Bi-metals are widely used for industrial applications that either demands a 
combination of characteristics that would be difficult to achieve if a single material 
is used. For instance, hack-saw blades have teeth made of martensitic steels joined 
to high carbon steel base using laser beam or electron beam welding to provide 
harder teeth with a soft base, i.e. being strong and less brittle respectively. In the 
present context, bi-metals can provide a similar combination of properties. 
Fabrication of Al/Mg bi-metal by SPD is particularly interesting due to the possible 
high strength to weight ratio as Mg is lighter than Al [220-222]. This also serves 
for the ease of processing Mg, which is difficult by conventional deformation 
methods and by SPD methods when treated separately [82, 223].  
Severe plastic deformation is well preferred and also suitable for producing 
bi-metals, e.g. primarily due to the enhanced diffusion rates occurring during SPD. 
The existence of non-equilibrium boundaries, microcracks, dislocations and high 
densities of grain boundaries lead to ultrafast diffusion and is not possible by 
conventional materials [224]. Fujita et al. [171] showed that coupled Al-Mg 
diffusion has much lower activation energy than that is required for diffusion of 
Mg into Al in a fine grained state. Other important perspective here is the high 
strain involved such as in ECAP. High strain can assist bonding even at low 
temperatures and simultaneously reduce mean grain size. A detailed report by 
Paramsothy et al. [225] on Al/Mg bi-metal processed by disintegrated melt 
deposition (DMD) showed that addition of Al in Mg can lead to enhanced 
toughness. The mechanism involves mechanical interlocking, e.g. not only 
arresting of crack front by the Al region but also crack-tip blunting in the Mg 
region. This is believed to be a very unique feature of the bi-metal configuration. 
Also, beneficial high compressive strains can be obtained by encasing a Mg core 
within aluminium in a bi-metal configuration [226].
 Of all the current SPD processes, accumulative roll bonding (ARB) is the 
most widely used technique for processing Al based bi-metals [46, 227-231]. 
Brokmeier et al. [228] observed the formation of Mg17Al12 and Al3Mg2
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intermetallics by rolling magnesium and aluminium to 50% reduction at 400°C 
followed by ARB. The texture in Mg was a typical basal plane texture and was 
stronger than in accompanying 5052 Al alloy. ARB of 99.5% pure Al/AZ31 
yielded a reduction of the grain size to 0.5 μm and 1 μm in the Al and AZ31 region 
respectively [232]. A recent report on the microtexture of Al/Mg ARB sheets 
showed that the presence of shear bands changed the microtexture of Al and Mg 
layers [230]. Although ECAP has been used for producing metal matrix composites 
(MMC), see [222, 233-236], the application of ECAP for Al based bi-metals is 
much less studied [237, 238].  Narooi et al. [238] focussed on the strain field and 
extrusion loads in Al-Cu ECAP. They showed that by decreasing the outer corner 
angle, the extrusion load increased and the strain inhomogeneity decreased. In 
another study, Liu et al. [237] investigated the processing of Al/Mg laminates by 
ECAP and emphasized the  annealing behaviour. 
2.5 ECAP of metal matrix composites 
The processing of metal matrix composites (MMCs) by ECAP has been of 
added interest in the recent past. Most of the MMC processing has been limited to 
Al matrix composites [220, 239-247] and magnesium based composites [235, 248-
251].  
Earlier works by Valiev et al. [79, 244]  dealt with ECAP of a 6061 Al 
alloy reinforced with Al2O3 particles. Other work engaged on an alloy containing 
10 vol% Al2O3 and showed that the microhardness increased  by a  factor of ~2 and 
the grain size was reduced to a 1 μm after processing at RT [240]. However, the 
Al2O3 particles did not refine as much as the microstructure. In another study on a 
6061 Al alloy composite reinforced with 20% Al2O3, it was reported that a very 
homogeneous distribution of particles could be observed after ECAP [245].  
Furthermore, studies on an Al-5 wt% TiB2 composite showed that even 
though the particle size remained unchanged, the matrix grain size was refined to 
~500 nm after 4 ECAP passes. Also TiB2 distribution became homogeneous after 4 
passes [243]. These results point to the advantages of using SPD for processing 
MMCs. It is very difficult to achieve a homogeneous distribution of the 
reinforcements by conventional fabrication methods such as casting [252, 253]. 
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Processing of a 2009 Al alloy with 15 vol% SiCw whiskers [239] reported on the 
feasibility of processing ultra-fine grained MMCs by SPD and demonstrated the 
possibility of superplasticity.  
 Magnesium based composites processed by ECAP have not been explored 
as much as Al based composites. A comparative study on the AZ31 alloy 
containing 2 wt% Al2O3 processed by ECAP and by conventional extrusion 
showed that the former obtained a significant grain refinement and more 
homogeneous distribution of particles as compared to the extruded state [249]. 
Also, nano-particles increased the texture intensity of the basal and prismatic 
planes in both extruded and ECAP’ed conditions. Another interesting study on 
carbon nanotubes (CNT) reinforced Mg deformed by ECAP showed that the 
microstructure development was slowing down during initial passes. However, in 
the later stages, an accelerated kinetics of the hydrogen adsorption/desorption 
kinetics was observed [251]. Fast diffusion through the cores of CNTs was 
attributed to such fast hydrogen adsorption/desorption kinetics. Effect of ECAP on 
Mg2Si reinforced in- situ Mg composite showed that after 2 passes, grain 
refinement becomes difficult owing to the hard-to-deform Mg2Si particles in the 
matrix [234]. However, high strength of the composite was obtained after ECAP. 
They also proposed effective use of Si to precipitate type II Mg2Si particles which 
can be easily refined by ECAP as compared to type I Mg2Si particles. 
 The literature background on ECAP principles, processing routes, different 
materials, mechanisms, properties etc. shows that there have been an increasing 
number of publications over the last decade on novel concepts and ideas. Although 
the works are both fundamental and application oriented, a clear understanding of 
certain concepts involved during ECAP is still lacking. For instance, the grain 
refinement mechanisms involved in Mg alloys, texture evolution of HCP materials, 
precipitation behaviour of Al alloys, studies on bi-metals, etc. There is also a 
demand for novel applications of ECAP such as hydrogen storage, scaling up etc. 
The present scenario thus provides a lot of motivation and future scope for 
processing materials by ECAP for advanced and novel applications. 
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Chapter 3 Experimental procedures 
 The present study focuses on the development of novel light bi-metals 
involving Mg and Al. The aim is to achieve high strength combined with 
reasonable ductility and that these materials can be processed relatively easy at low 
cost. However, before such materials can be processed, the behaviour of Al and Mg 
deformed under various experimental conditions and different temperatures should 
be understood. The corresponding interface properties and structures, mechanical 
properties and microstructure evolution were therefore carefully examined. The 
work has been divided into three sections reflecting various types of studies 
performed on the following materials: 
• Commercially pure  (CP) Aluminium (99.9% ) 
• Al/AZ31alloy bi-metals 
• Al based sheet composites 
The experimental procedures for each of these type of materials are explained 
in the following paragraphs. 
3.1 CP Aluminium studies 
Investigations carried out on CP Al is regarded as a preparation part of the 
study that involves the co-deformation of CP Al and an AZ31 Mg alloy by equal 
channel angular pressing (ECAP) explained in section 3.2.A literature survey on 
the processing of Mg and its alloys showed that a high processing temperature is 
necessary in order to avoid any premature cracking during ECAP [82, 199]. On the 
other hand, studies reported on the processing of pure Al by ECAP showed a 
significant effect of temperature on the grain refinement mechanisms [6, 18]. By 
lowering the processing temperature, the recovery rate of Al decreases, thus 
resulting in a much finer mean grain size. Processing a combination of Al and Mg 
in bulk form is thus paradoxical and hence a detailed study was conducted on CP 
Al samples at different temperatures spanning from RT to 350°C in order to reveal 
the grain refinement characteristics with regard to processing temperature. The aim 
was to achieve both a reasonable refinement of grains in Al as well as high enough 
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Table 3.1. Composition of CP Al used in the present investigations. 
temperature in co-deformation to achieve a successful and a strong dissimilar metal 
bonding between aluminium and magnesium when processing the Al/AZ31 alloy 
bi-metal system. 
3.1.1 Composition  
The composition of pure Al used in the present studies is shown in Table 
3.1. The raw material was a cast billet obtained from Hydro Aluminium AS, 
Norway. The as-received billet was cut into a number of 19.8 x 19.8 x 100 mm3
bars at the NTNU workshop. All samples were then homogenized at a temperature 
of 400ºC for 4 hours in a Scandia TC 901 induction furnace and then cooled in 
open air before processing.   
 3.1.2 Processing 
Prior to the ECAP experiments, the specimens were cleaned with acetone, 
dried and then preheated at the processing temperature for about 30 minutes in a 
SCANDIA TC 901 furnace.  
ECAP of all samples was performed in an in-house designed right angled 
ECAP die [21] with a channel cross section of 19.8 x 19.8 mm2, channel angle 90º 
and ȥ =20.6º giving an equivalent strain of about ~1 per pass [8]. The sample 
surfaces and the bottom and the sides of the punch tool were coated with 
OMEGA99® lubricant (based on petroleum and graphite) to minimize friction. A 
semi-continuous ECAP processing method was used where one sample was used to 
push another sample [254]. The samples were pressed at a speed of 2mm/s and 
were rotated by 90° in the counter clockwise direction (CCW) after each pass 
(route Bc) and processed to 1, 2, 4, 6 and 8 passes at RT, 150°C, 250°C and 350°C. 
After required number of passes, the samples were quenched in cold water. Figure 
Element Al Si Fe Mn Mg
Wt % 99.9 0.033 0.059 0.0006 0.0004
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3.1 shows an overview of the various processing steps involved in the CP Al 
studies. 
3.2 Al/Mg bi-metals 
 A successful fabrication of bi-metal by ECAP requires that two different 
materials are processed together and that a well bonded interface is achieved 
between the two metals. Based on the investigations carried out for CP Al, 250°C 
and 350°C were chosen to process the Al/AZ31 alloy bi-metals. Experimental 
investigations on Al/AZ31 alloy bi-metals were carried out on two different 
specimen geometries and techniques viz. (i) Rod type bi-metal structure and (ii) A 
macrocomposite type bi-metal structure. The rod type structure was investigated 
for the interface and mechanical properties, and served as a preliminary study to 
lead into the fabrication of a successful high strength macrocomposite. 
Investigations on the macrocomposite type bi-metal were aiming to understand the 
underlying mechanisms involved in the achieved mechanical properties. The 
processing methods for the two types differ significantly and are explained in the 
following sections. 
Homogenization 400°C 
for 4 hours 
Machining into 19.8 x 19.8 x 
100 mm3 bars
Cast pure Aluminium billets 
(99.9%) from HYDRO AS 
Processing by ECAP at 
room temperature (RT), 
150°C, 250°C and 
350°C up to 8 passes 
Reference specimen 
to compare with 
ECAPed specimens 
Figure 3.1. Process flowchart for processing CP Al by ECAP.
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 3.2.1 Rod type bi-metal 
As mentioned, the rod type structure was studied as a preliminary 
investigation in order to understand the interface structure during processing of 
Al/Mg bi-metal by ECAP.  
Composition 
 Pure Al was obtained from the same billet and prepared similar to as 
described in Section 3.1.1. However, the pure Al bars were machined to 
dimensions shown in Fig 3.3. Further, AZ31 bars of 20 x 20 x 100 mm3 obtained 
from Shanghai-Jiaotong University (SJTU) with a composition as shown in Table 
3.2, were machined to dimensions given in Fig 3.3. The AZ31 rods were used as 
reinforcement and processed in the as-cast condition.  
Processing 
Figure 3.2 shows an illustration overview of the process involved. The as 
received billets were machined to dimensions as shown. After machining, the 
samples were cleaned in acetone and dried in air. The CP Al specimens were then 
homogenized for 4 hours at 400°C and the AZ31 alloy rods were used in the as-
cast condition. 
Element Mg Al Zn Mn Fe
Wt % Bal ~3.09 ~1.02 ~0.42 ~0.001
Table 3.2. Composition of the AZ31 Mg alloy used in the investigations of bi-
metal processed by ECAP. 
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The rod type AZ31 Mg alloy was placed in a hollow block of the CP Al 
specimen. A schematic representation of the processing is showed in Fig 3.3. Prior 
to ECAP, the outer surface of the AZ31 rod and the inner surface of the hollow 
block were cleaned by acetone in an ultrasonic cleaner and left to dry for a whole 
day to get rid of any lube oil or coolant remains from machining. The outer surface 
of the AZ31 rod and the inner surface of the hollow block were then roughened 
using SiC grit 80 emery sheets in order to increase friction. They were once again 
cleaned in acetone and dried to remove the remaining SiC particles. The AZ31 rods 
were then inserted into the Al blocks applying gentle hammering. After inserting 
the AZ31 rods, the bi-metal configuration was preheated for 30 minutes in the 
induction furnace at the required processing temperature prior to ECAP. 
Homogenization 
400°C for 4 hours 
Machining into bars  
19.8 x 19.8 x 100 mm3 with a 
hole for AZ31 insert
Cast pure Aluminium billets 
(99.9%) from HYDRO AS 
Reference specimen  
AZ31 Mg alloy from 
SJTU 
Reference specimen  
Machining into rods (AZ31) 
ĭ6 ×95 mm2
Bi-metal processing by 
ECAP at 250°C and 350°C  
Figure 3.2. Process flowchart for processing the rod type Al/AZ31 Mg alloy reinforced bi-metal by 
ECAP.
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ECAP was performed in the above mentioned in-house designed right 
angled ECAP die [21] at a speed of 2 mm/s. OMEGA99® lubricant (based on 
petroleum and graphite) was used to minimize friction. The lubricant was applied 
only on the sides of the punch tool and on the outer surface of the samples. In other 
words, no lubricant was applied to the bottom of the punch tool or at the top and 
bottom sides of the samples in order to prevent any contamination on the interface 
that would be detrimental to the interface evolution and the bonding of the 
materials. Here, a semi-continuous ECAP processing method was used where one 
sample was used to push the other sample through the die [254]. The samples were 
processed by route Bc to 1, 2, 4 and 6 passes at 350°C and to only 1 pass at 250°C. 
3.2.2 Macrocomposite type bi-metal 
 The primary aim of the investigations on CP Al and rod type bi-metal was 
to assist and analyse the necessary criteria required to fabricate an Al and Mg based 
composite having high strength and low weight. The macrocomposite processing 
can be regarded as a result of the investigations made on CP Al and rod type bi-
metal.  
AZ31 
TD 
ND 
ĭ 6 X 95 mm2
19.8 X 19.8 X 100 mm3
ED 
SD 
CP Al  
Figure 3.3. Schematic representation of the ECAP process for the rod type 
Al/AZ31 bi-metal. 
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Composition 
 The macrocomposite bi-metal configuration was made of two different 
metals. One is CP Al and the other is an AZ31 Mg alloy. The composition of CP 
Al was exactly the same as shown in Table 3.1 and the composition of AZ31 alloy 
used was the same as described in Table 3.2. The content of the Mg alloy 
constituted 5% by weight and it was present in the form of meso-sized particles 
embedded in the aluminium matrix. 
Processing 
 An illustration of the process flow of the macrocomposite processing is 
shown in Fig 3.4 below.  
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Machining into Chips 
Mixing AZ31 chips with 
pure Al chips 
Homogenization 400°C 
for 4 hours 
Machining into bars  
19.8 x 19.8 x 100 mm3  
Cast pure Aluminium billets 
(99.9%) from HYDRO AS 
AZ31 Mg alloy bars from 
SJTU 
Machining into Chips 
Screw extrusion at 400°C 
Processing by ECAP at 200°C  
Figure 3.4. Process flowchart for processing the macrocomposite type Al/AZ31 Mg alloy 
bi-metal by ECAP.
Cleaning of chips 
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The ECAP processing was a two-step procedure where the input material for 
ECAP is an already processed rod by screw extrusion. Therefore, the actual 
procedure for processing the macrocomposite can be divided into three stages, 
namely, fabrication of chips, screw extrusion and ECAP processing.
Fabrication of chips involved treating of the two raw materials as an input to 
the screw extrusion process and was the initial processing step. The homogenized 
aluminium bars were first machined to chips having average dimensions of 25 × 4 
× 0.5 mm3. The AZ31 bars were directly machined to chips with similar 
dimensions. The chips were machined using a clean tooling to avoid contamination 
with other materials. Then the chips were separately cleaned in acetone in an 
ultrasonic cleaner and completely dried to get rid of any oil/grease residue. Finally, 
about 5 wt% of AZ31 chips were then mixed with pure Al chips in an intended 
homogeneous manner. 
The next stage was the screw extrusion process. The mixture containing 5wt% 
AZ31 chips was then fed to the screw extrusion setup and extruded at 400°C. The 
schematic representation of the screw extruder is shown in Fig 3.5. The mixture of 
Al and 5 wt% AZ31 chips was fed to the screw through the feeding hole. As the 
gear motor rotated, the chips were compacted on their way through the screw 
channel into the extrusion chamber and were finally extruded to a solid rod.  
Figure 3.5.  A schematic representation of the metal screw extruder [255].
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A more detailed description and analysis of the present screw extrusion process 
can be found elsewhere [255].  
The screw extruded bi-metal was then used for the ECAP processing, 
which was the last stage of the procedure. The extruded rods (15 mm in diameter) 
from the screw process were machined into ĭ 9.8 mm cylinders of length 80 mm 
before processing by ECAP. The samples were firstly cleaned in acetone, dried and 
preheated in an induction furnace for 15 minutes at 200°C. The ECAP die and the 
processing method is similar to the procedure explained in Section 3.2.1. although 
the die had a new insert channel of 9.8 mm diameter. Finally, the samples were 
processed at 200°C for only one pass. 
3.3 Al based sheet composites 
The Al based sheet composites were investigated to understand the 
bonding criteria and associated mechanisms when two materials are jointly 
processed by ECAP. The investigations on these sheet composites could therefore 
throw light upon on how to achieve a good bonding. Also, sheets are easier to 
understand, as to the slipping behaviour of the mating surfaces, compared to that of 
the bi-metal configuration of the Al/AZ31 rod type structure and the 
macrocomposite type structure. Another advantage of the sheets is their stacking 
possibilities. The simple one-over-another stacking can reveal the relative flow of 
the sheets during the ECAP process itself; say by the internal contours.  The sheet 
composite studies were divided into two categories, (i) Al/Al composite and (ii) 
Al/3103 composite in order to reveal different aspects of the bonding achieved.  
 3.3.1 Al/Al composite 
 The Al/Al sheet composite involved processing of different CP Al sheets 
stacked together and processed by ECAP. The primary goal was to optimise and 
identify the best experimental parameters for a good interface bonding. 
Composition 
 Only one material, CP Al was involved in fabricating the Al/Al composite. 
The composition of the raw material is the same as shown in Table 3.1. The as 
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Table 3.3. Various processing parameters for pure Al/pure Al sheet composites. Here 
L is the length of the ECAP samples in mm, S is the pressing speed in mm/s. Note that 
all samples were processed to only 1pass. 
received billet was cut into two sets of plates. One set of plates (A) were machined 
to a rectangular cross section of 19.8 × 7.9 mm2 and the other set (B) were 
machined to 19.8 × 4 mm2. The length of the samples was varied in order to study 
the effect of the specimen length on the interface bonding. Table 3.3 summarizes 
the various process parameters used. All samples irrespective of the type and 
dimensions, were cleaned in acetone, dried in air and then homogenized at 400°C 
for 4 hours before processing. 
    
S 
L 
SiC paper Wire brushing Machine brushing
BP NO BP BP NO BP BP NO BP
1 2 4 5 1 2 4 5 1 2 4 5 1 2 4 5 1 2 4 5 1 2 4 5
10
0 x x x x x x x x x    x x
80 x x x x x x x x x x x x x
70         x x x x x x x x x x x x x x
60          x x      x x     
50          x x      x x     
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Processing 
  Once the samples were completely cleaned, the freshly cleaned surfaces 
were roughened using different techniques such as roughening by rubbing the 
surface with SiC grit 80, wire brushing using a steel brush and machine brushing at 
high speed (Table 3.3). Type A plates were roughened on one side while type B 
plates were roughened on both sides. A sandwich was then prepared by placing a B 
type plate in between two A type plates and then inserted into the ECAP die.  
Here, each press series is divided into 5 columns representing the various 
pressing speeds marked as S, i.e. 1, 2, 4 and 5 mm/s. The five rows represent the 
various specimen lengths (L in mm). Further, cells marked with ‘x’ mean that a 
sample with the particular length was processed under the given conditions. Cells 
left blank indicate that samples under these particular conditions were not 
processed.  
 Since large numbers of samples were involved, the nomenclature of these 
Al/Al sheet composites needs further explanation: Samples are referred to as 
“XYZP”, where X is the length in mm, Y the pressing speed (S) mm/s, Z 
designates the surface treatment method (where Z is denoted as S for SiC paper 
roughening, W for wire brushing, and M for machine brushing). P refers to the 
back pressure, where P is denoted either as B or N. B is used when samples are 
pressed with back pressure (fixed at 100 KN) and N for samples processed without 
back pressure. For example, 1002WB refers to a wire brushed sample having a 
length of 100 mm pressed at a speed of 2mm/s using a back pressure of 100 KN. 
Figure 3.6 shows an illustration of the process flow, i.e. a complete 
overview of the various steps involved. The stacking sequence showed here means 
that the interface normal is parallel to the extrusion direction (PRE). Since the 
bonding between two surfaces depends on the amount of surface contamination, 
the sheets were immediately processed to maintain new and fresh surfaces. 
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A sandwich structure was made by stacking the sheets one over another 
along their length. The whole setup was then rotated 90° in the counter clock wise 
direction (CCW) along the axis perpendicular to the plane of the paper so that the 
length of the sheets was along the pressing direction. The interfaces were placed in 
such a way that the interface normal was perpendicular to the pressing direction as 
shown in Fig 3.6. This sandwich structure was then ECAP’ed using the back 
pressure (BP) ECAP die, as explained above. 
The ECAP die used for the processing of Al based (both Al/Al and 
Al/3103, described below) composites, was an in-house designed back pressure 
ECAP (BP-ECAP) die. Figure 3.7 shows a photograph of this BP-ECAP die with 
various sections marked.  
^ŚĞĞƚĐŽŵƉŽƐŝƚĞ
ƉƌŽĐĞƐƐĞĚďǇW
/ŶƚĞƌĨĂĐĞŶŽƌŵĂůƉĂƌĂůůĞů
ƚŽĞǆƚƌƵƐŝŽŶĚŝƌĞĐƚŝŽŶ
;WZͿ
ZŽƚĂƚĞĚ^ƋϵϬΣ
ǀĞƌƚŝĐĂůůǇ
ĞŐƌĞĂƐŝŶŐнǁŝƌĞͬŵĂĐŚŝŶĞ
ďƌƵƐŚŝŶŐͬŵĞƌǇƐŚĞĞƚƐ
^ƵƌĨĂĐĞƚƌĞĂƚŵĞŶƚ
^ƚĂĐŬŝŶŐƐĞƋƵĞŶĐĞ
;EŽƚĞĚĂƐ^ƋͿ
Figure 3.6. A schematic representation of the processing of sheet 
composites by ECAP. 
ĞǆƚƌƵƐŝŽŶĚŝƌĞĐƚŝŽŶ
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The BP-ECAP die was similar to the die explained in Section 3.1.2, except 
that a back pressure unit was placed at the exit channel to guide and pressurize the 
sample during pressing. Irrespective of the type, dimensions and pressing speed, all 
samples processed with the presence of back pressure (BP) were processed at 100 
KN BP force. As mentioned, Table 3.3 shows columns with the different applied 
roughening techniques. These columns are divided into two; BP and NO BP where, 
BP means samples were processed with a BP of 100 KN and no BP means that no 
BP has been used. To be noted, all these samples were processed at RT. 
Figure 3.7. A photograph of the ECAP-BP die showing (1) Die with exit channel to the 
left, (2) pressing tool, (3) BP unit, (4) thermocouple at the intersection to measure the 
temperature rise.
(1) 
(2) 
(3) 
(4) 
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3.3.2 Al/3103 composite 
  Having established valid bonding criteria using Al/Al sheets, it was 
necessary to understand theMetall.l fundamentals involved for any given 
satisfactory bonding conditions. Therefore, the processing of the Al/AA3103 
composite was aimed to understand the bonding fundamentals when two different 
materials were processed by ECAP. The Al/3103 composite involved the 
processing of a sandwich consisting of an AA3103 aluminium alloy placed in-
between two pure Al sheets.  
 Composition 
  The Al/3103 composite was made of two different materials, CP Al and an 
AA3103 Aluminium alloy. The composition of CP Al was the same as explained in 
Section 3.1.1 and the composition of the AA3103 alloy is shown in Table 3.4.  
All specimens were machined to a length of 70 mm, irrespective of 
whether type A or type B and the cross section being the same as for that of Al/Al 
composite described in Section 3.3.1. The sample preparation was similar to that 
explained above, except that type A plates were only machined from CP Al and 
type B plates were only machined from the AA3103 aluminium alloy. 
Processing 
 The processing was very similar to that explained in Section 3.3.1. 
Moreover, the aim of the investigations was to understand the material behaviour 
during ECAP. Hence, all samples were processed with fixed parameters. They 
were processed with a length of 70 mm, back pressure 100 KN and with a pressing 
speed of 5 mm/s at room temperature. Figure 3.6 shows the corresponding process 
flow for these sheet composites. The applied ECAP set-up is shown in Fig 3.7 and 
Element Al Si Fe Mn Mg
Wt % Bal ~0.5 ~0.7 ~1 ~0.3
Table 3.4. Composition of the AA3103 aluminium alloy used during 
ECAP processing of the Al/3103 composite. 
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experimental procedures were the same as explained for the Al/Al composite in 
Section 3.3.1, except that type ’B’ plates were replaced with the 3103 Al alloy.   
3.4 Microstructure and texture  
 The obtained microstructures were analysed using optical microscopy and 
electron backscattered diffraction (EBSD). Optical microscopy on CP Al was 
carried out after anodising treatment ,where CP Al samples were first ground using 
1200 and 2400 SiC emery sheets with water as a lubricant and then polished in a 
Struers DP- NAP applying 3 μm and 1 μm sheets, and a Struers blue lubricant. The 
samples were then anodised at 20 V for 90 s in a solution containing 5% HBF4, 
then washed with water and ethanol before being analysed under polarized light in 
an optical microscope. For the AZ31 magnesium alloy, optical microscopy was 
carried out after grinding to 1200 and 2400 grit size using water as a lubricant, and 
then polished with 3 μm and 1 μm Struers DP-NAP cloths applying the Struers red 
lubricant. Finally, the samples were etched in a freshly prepared solution 
containing 1 ml HNO3, 1 ml acetic acid, 1g oxalic acid and 150 ml water for 10s 
and subsequently examined under the light microscope. 
EBSD was carried out in a FEGSEM Zeiss Ultra for the CP Al samples and 
a Hitachi SU6600 FE-SEM for the Al/AZ31 bi-metals and sheet composites. Both 
SEMs were equipped with an ultra-fast Nordif EBSD detector and TSM OIM 
EBSD software. The obtained data were then analysed using the TSL OIM analysis 
6.0 software. Samples for EBSD (Al sheet composites and samples for CP Al 
studies) were polished using 1200, 2400 SiC emery sheets and then polished with 
Struers DP- NAP 3 μm and 1 μm sheets using a Struers blue lubricant. After 
mechanical polishing, electropolishing was carried out at –25ºC at 20 V for 12 s in 
a solution containing 80% ethanol and 20% perchloric acid. Samples containing 
Mg, i.e. the Al/AZ31 samples, were mechanically polished to 1micron and then 
subjected to milling in a Hitachi IM3000 flat milling system for 45 min at 3.5 KV, 
80º inclination and rotated 360° CCW. The EBSD parameters  used for scanning 
and analysis are listed in appendix A. 
 The macrotexture of CP Al samples was analysed using a Siemens D5000 
X-ray diffractometer. Here, the samples were cut into 14 x 19.8 mm2 blocks along 
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the ED-ND direction as shown in Fig 3.8 and subsequently polished using a 2400 
SiC grit paper and finally etched with the Alubeis solution (10-20% NaOH + 1 tea 
spoon sugar) for 10 min followed by 25 s etching in a 20% HNO3 solution.  
Transmission electron microscopy (TEM) was also applied in order to 
study in-depth details of the microstructure. Samples for TEM were ground to 
about 100 microns thickness, then cut into discs of 3 mm diameter before 
electropolishing using a Struers Tenupol twin jet polishing machine at –30ºC, 20 V 
and an electrolytic solution containing 66% methanol and 34% HNO3.  
3.5 Interface studies 
Examinations of the obtained inner interfaces were carried out on Al/Mg 
bi-metals in order to characterize the evolution and upon ECAP, the corresponding 
properties. To study their specific composition, energy dispersive spectrometry 
(EDS) and electron probe micro analysis (EPMA) were applied. The latter was 
carried out using a JEOL JXA-8500F microprobe equipped with 5 wavelength 
dispersive spectrometers. EDS analysis was performed using a Hitachi SU-6600 
Figure 3.8. Schematic representation of the sample used for texture 
characterisation in the X-ray diffractometer. 
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FESEM equipped with an EDAX system and analysed using the Siemens Espirit 
Quantax software. In addition, TEM and EBSD were used to characterize the 
interfaces. Here, a JEOL 2010 TEM and an EBSD system mounted on a Hitachi 
SU6600 FESEM having an ultrafast Nordif offline system, were used for the 
interfacial characterization. The EBSD data acquisition and analysis were carried 
out using the TSL OIM 6.0 software package. 
3.6 Tensile tests 
Tensile tests of Al/AZ31 bi-metals were performed at room temperature in 
a 100 KN servo hydraulic MTS 810 test machine, at constant cross head speed of 
about 2 mm/min. Elongation was recorded using a standard MTS extensometer 
with a gauge length of 25 mm. For rod type bi-metals, round tensile specimens 
were machined to dimensions as shown in Fig 3.9. The samples were machined 
such that the length of the tensile sample was along the extrusion direction (ED) 
and the width was along the normal direction (ND). However, for the 
macrocomposite, round specimens with dimensions shown in Fig 3.10 were used. 
The tensile tests were performed to compare the tensile properties of the as-
received material with that of the ECAP’ed condition. 
Figure 3.9. Dimensions of sample for tensile testing of Al/AZ31 bi-metal 
(rod type). The dotted line represents the AZ31 rod.
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3.7 Microhardness 
Microhardness measurements were carried out on all the various samples 
(CP Al, Al/AZ31 bi-metals and composites) using a Leica LVMH MOT 
microhardness tester. Here, a load of 100 grams was imposed for a time of 15 
seconds. A minimum of four readings were taken to obtain the mean 
microhardness. In order to keep acceptable accuracy, the difference in indentation 
diagonals for valid measurements was less than 5%. Special attention was on the 
interface regions, but general (matrix) hardness was also measured. 
Figure 3.10. Dimensions of sample for tensile testing of Al/AZ31 bi-metal (macrocomposite 
type).
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Chapter 4 Experimental results 
4.1 Introduction 
The present chapter deals with the various experimental results oriented 
towards the development of high strength, low weight Al-Mg based materials for 
automotive and advanced structural applications. As mentioned in Chapter 3, the 
development of such advanced materials requires knowledge of various 
fundamental underlying issues. In order to understand the involved mechanisms, 
sequential preliminary investigations had to be carried out on different involved 
materials. The goal was to study different variables that can lead to promising 
development of bi-metal Al/Mg composites that have high strength and reasonable 
ductility and can be processed at a competitive cost. 
 The proceeding experimental results follow the chronological order of 
how these experiments were conducted. First, CP Al was investigated for the high 
temperature behaviour including grain refinement and texture evolution. The 
present literature study shows that successful processing of Mg and its alloys by 
ECAP should involve high temperature. Hence, successful co-deformation of CP 
Al along with Mg also relies on a proper understanding of the behaviour of CP Al 
at high temperatures. Secondly, Al/Mg bi-metal samples were prepared as a rod 
type structure set-up and processed according to the findings on high temperature 
behaviour of CP Al. The selected processing temperature had, of obvious reasons, 
to be high enough for the difficult-to-deform Mg. The results obtained on this 
Al/Mg bi-metal system were then analysed. The ambition was to obtain an Al/Mg 
bi-metal macrocomposite that can exhibit high strength as compared to its Al-Mg 
binary alloy counterparts. Thirdly, the optimization of such a macrocomposite was 
carried out by studying the interface bonding criteria and related mechanisms by 
employing both Al/Al and Al/AA3103 sheets for ECAP processing. One of the 
reasons for also using the latter configuration is that the stacked sheets have a 
simple geometry as compared to the present macrocomposite configuration. Hence 
the interface study became easier. Also, CP Al is soft, easy to process without 
cracking and a high processing pressure can be avoided. Al/Al sheets were used to 
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study experimental parameters and Al/AA3103 alloy sheets were employed to 
study bonding mechanisms. The various experimental results are explained in 
detail in the following. 
4.2 CP Al studies 
The behaviour that CP Al exhibited under a combination of high strain and 
high temperature was an important aspect in regard to find a balance between grain 
refinement and ease of processing the bi-metal involving CP Al and the AZ31 Mg 
alloy, as explained in Chapter 3. Most of the previous studies on CP Al have been 
focused on the microstructure evolution and the smallest mean grain size that can 
be achieved by ECAP at room temperature. Early works by Iwahashi et al. [13] and 
[101] showed that pure Al can be refined to 1 μm after 4 passes at RT and 
attributed the grain refinement to sub-grain evolution into high angle grain 
boundaries. Saravanan et al. [96] made a comparison of the various results 
published on the grain refinement of Al by ECAP. It was inferred that pure Al 
(99.99% pure) could not be refined less than ~1 μm after 8 passes at RT, while 
addition of small amount of impurities could lead to a drastic reduction in grain 
size. To the latter, 99.5% pure Al showed a grain size of 600 nm after 8 passes at 
RT. Even though several publications have been reported on RT processing of pure 
Al [13, 96, 101, 256-258], there have been very limited information on the 
microstructure evolution of pure Al by ECAP at high temperatures. The first article 
by Chakkingal et al. [259] showed that pure Al did not refine at all after ECAP at 
500°C. Wang et al. [260] reported the evolution of the sub-grain size at various 
temperatures (298 K to 523 K) by transmission electron microscopy (TEM), but 
did not explain in detail the microstructure evolution in pure Al under severe 
plastic strains combined with high processing temperatures. Therefore, a clear 
understanding of the mechanisms that pure Al undergoes at high temperatures 
during ECAP is lacking and hence, the present study is important per se, but 
specifically for revealing the behaviour of CP Al upon co-deformation with the 
AZ31 Mg alloy. 
It is to be noted that in the following orientation imaging microscopy 
(OIM) maps, a ‘grain’ refers to an entity with a boundary misorientation   15° and 
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any boundary with a a misorientation   15º is considered to be a high angle grain 
boundary (HAGB) and all black lines in the OIM maps are high angle grain 
boundaries (HAGBs). Shear direction corresponds to the die intersection channel 
where the material deforms by simple shear, in this case, 45º to the extrusion 
direction, where extrusion direction corresponds to the direction of the push out of 
the sample. 
The colours represent the orientation of the grains and sub-grains. This 
colour coding is similar for all CP Al studies and is explained in Fig 4.1, together 
with the sample directions relative to ECAP set-up. The general sample directions 
for all samples used in the EBSD analyses are as shown in Fig 4.1, unless 
otherwise specified in case to case. 
  
4.2.1 As-received material  
The as–received and subsequently homogenised material was analysed 
with respect to the initial grain size, texture and microhardness. Figure 4.2 shows a 
representative EBSD OIM image of the as received sample. The mean grain size 
was large and calculated to be ~1.2 mm and the average microhardness was 22±2 
HV. As mentioned in Chapter 3, initial texture was determined using a four circle 
diffractometer, see Section 4.2.5. 
(a) (b) 
TD ND 
ED 
SD 
Figure 4.1. (a) The colour coding used to represent the orientations of different grains in CP Al. Here, 
[001] represents that the respective plane normal being parallel to the  plane normal of paper surface; 
(b) The  geometrical sample directions used in EBSD analysis unless specified otherwise. SD indicates 
shear direction.
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4.2.2 Grain structure evolution 
 Grain morphology
The obtained inverse pole figure (IPF) maps of samples processed by 
ECAP for 1 pass at different temperatures are shown in Fig 4.3. It can be seen that 
during the first pass, microstructures of all samples look very similar and at all 
processing temperatures. Long band like structures or deformation bands, DBs 
(marked in black arrows in Fig 4.3) were formed. However, the thickness of the 
DBs increased with increasing deformation temperature. Also, a cell structure was 
developed at all processing temperatures. The direction of the deformed grains was 
along the shear direction (45° to the ED) for samples processed at RT and 150°C. 
However, for samples processed at 250°C and 350°C, the grains are oriented ~20° 
to the ED. Also, DBs were observed to originate along the grain boundaries for all 
samples. Another feature that could be observed was that at 350°C, a fraction of 
sub-grains had already started to form even after 1 pass. It is to be noted that in the 
present investigations, a “cell” represents a microstructural entity that has a 
Figure 4.2. An EBSD OIM map of the as-received, homogenized CP Al sample 
showing a typical coarse grain structure (D§1.2 mm).
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dislocation cell boundary and occurs in the initial stages of deformation. Such cells 
were also characterized by an increasing misorientation from the centre to the 
boundary. On the other hand, “Sub-grains” appeared to be similar to cells but they 
had well defined and sharp boundaries as they evolved by recovery of the 
dislocation networks. Also, unlike the cells, each sub-grain had a constant 
misorientation within itself. Normally the sub-grains were established during the 
later stages of deformation. 
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Correspondingly, Figure 4.4 shows the IPF maps of samples processed for 
2 passes at the same temperatures. The microstructures of all samples were 
inhomogeneous, with some grains obviously undergoing severe deformation. Also, 
Figure 4.3. OIM maps representing the microstructure of CP Al after 1 pass ECAP at 
different temperatures. (a) RT, (b) 150°C, (c) 250°C, (d) 350°C. Black arrows point at 
deformation bands. ED: Extrusion direction.
SD 
ND 
TD 
ED 
(a) 
(c) 
(d) 
(b) 
1 PASS ECAP 
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more deformation inhomogeneties such as microbands, incomplete HAGBs etc. 
were formed, e.g., see the black arrows in Fig 4.4 indicating such inhomogeneties.  
Qualitatively, RT and 150°C samples showed similar IPF maps. Also 
250°C and 350°C samples show similar IPF maps. Another feature was the 
microstructure development from 1 to 2 passes. Samples processed at RT and 
150°C had a fraction of grains which were randomly elongated after two passes, 
while most of the microstructure was aligned along the shear direction. The 
thickness of the DBs decreased and their density was increased. Going from 1 to 2 
passes, samples processed at 250°C and 350 °C showed an increasing density of 
GNBs and the grains were oriented ~23° to the ED. Further, samples processed at 
250°C showed DBs comparable to those formed at 150°C, but the samples 
processed at 350°C had extremely large DBs around ~150 μm in thickness. 
However, a large fraction of small DBs were observed. For samples processed at 
350°C, no microstructure development was seen between pass 1 and 2 as observed 
for the other temperatures. In other words, the DBs formed in the previous pass 
were replaced by new DBs formed in the current pass. Although 250°C samples 
show existence of previously formed DBs, the fraction was relatively low 
compared to that of samples processed at RT and 150°C. 
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Figure 4.4. OIM maps representing the microstructure of CP Al after 2 
pass  ECAP at different temperatures. (a) RT, (b) 150°C, (c) 250°C, (d) 
350°C. 
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Further extending the deformation to 4 passes (Fig 4.5), the entire 
microstructure was made up of long and thin DBs. The microstructures obtained at 
all temperatures showed a dominating number of DBs, microbands and incomplete 
HAGBs in different proportions and in general, gave an inhomogeneous 
impression.  
The IPF maps for RT samples had a complex microstructure due to route 
Bc and fractions of fragmented small grains could be observed. The orientations of 
grains varied due to the retaining of previously formed microstructure constituents. 
However, new DBs did form and the grains developed during the fourth pass were 
oriented along the shear direction.  
Samples deformed at 150°C showed a similar microstructure but at a larger 
scale, while at 350°C, the microstructure was developed during the latest pass. 
However, at 250°C, the samples showed a fraction of DBs oriented in a slightly 
different direction owing to the previously formed bands. One could maintain that 
samples processed at RT and 150°C showed almost a complete breakdown of the 
initial structure into DBs and fine grains and the DBs were only one cell diameter 
in thickness. On the contrary, grains in 250°C and 350°C samples were not 
completely broken down into DBs and fragments of fine grains existed, but the 
density of DBs increased. Also for samples deformed at 250°C, most of the DBs 
were thinned down to one or two cells in thickness. It seemed clear that 350°C 
samples were the least refined as compared to the samples deformed at lower 
temperatures. Although the frequency of DBs increased, they were thicker at 
350°C and did not break down the uniformly large grains into DBs. It could be 
added here that RT samples had a relatively larger fraction of fine grains as 
compared to other samples deformed at higher temperatures.   
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Figure 4.6 shows the microstructures obtained after 6 passes. It can be seen 
that deformation at 250°C introduced a relatively homogeneous recovered 
microstructure as compared to all the other samples after 6 passes.  A well-defined 
structure with sub-grains was the dominating feature. Samples processed at RT and 
150°C showed similar microstructures and were relatively homogenous compared 
Figure 4.5. OIM maps representing the microstructure of CP Al after 4 pass 
ECAP at different temperatures. (a) RT, (b) 150°C, (c) 250°C, (d) 350°C. 
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to the 4 pass counterpart specimens. A mixture of undeformed regions and a set of 
fine grains could still be observed, while some grains were still evolving into fine 
grains, fine grains already formed recovered and had a constant misorientation 
within each grain. 
Samples processed at 350°C showed a similar microstructure as to that of 4 
passes ECAP, but now the structure was more recovered with sub-grains. The 
Figure 4.6. OIM maps representing the microstructure of CP Al after 6 passes ECAP at different 
temperatures. (a) RT, (b) 150°C, (c) 250°C, (d) 350°C. 
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incomplete boundaries and other deformation inhomogeneties such as microbands 
observed after 4 passes, were not seen for 250°C and 350°C samples while, such 
inhomogeneties were reduced in quantity for RT and 150°C samples. 
Finally, the microstructures after 8 passes at different temperatures are 
shown in Fig 4.7. The microstructures obtained at RT, 150°C and 250°C contained 
uniform equiaxed fine grains and were quite similar in general. However, after 
processing at 350°C, the grains became elongated even after 8 passes, and were not 
broken down completely into equiaxed grains. It should be noted that the 
deformation inhomogeneties observed up to 6 passes were not observed after 8 
passes. Also, for samples processed up to 250°C, it was difficult to distinguish the 
newly formed grains and the grains formed in the previous passes. 
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Figure 4.7. OIM maps representing the microstructure of CP Al after 8 passes ECAP at 
different temperatures. (a) RT, (b) 150°C, (c) 250°C, (d) 350°C. 
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(d) 
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Grain refinement 
 An overview of the mean grain size as a function of ECAP pass number at 
different temperatures is shown in Fig 4.8. Inhomogeneity plays a major role 
during intitial passes and hence non uniform grain refinement was expected. 
Accordingly, EBSD scans were taken in large areas and different regions. The 
homogenization with increasing number of passes is also discussed in Chapter 5.  
The average grain size decreased with increasing strain and decreasing 
temperature. It can be seen that samples processed at RT and 150°C showed a 
similar trend in mean grain size with increasing strain. The 250°C and 350°C 
samples exhibited a similar grain size up to 2 passes. With further straining, 250°C 
samples followed a similar trend as that of RT and 150°C samples. Samples 
processed at 350°C did not refine as significantly as that of the counterparts at 
lower deformation temperatures, even after 8 passes. It should be noted that the y-
axis is in a log scale and hence, in general there was a significant grain refinement 
at all temperatures. While RT and 150°C samples showed a continuous decrease 
with increasing strain, the 250°C and 350°C samples showed very little refinement 
on a logarithmic scale beyond 4 passes.  
Figure 4.8. Mean grain size at different temperatures as a function of 
accumulated strain.
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In summary, the grains were refined and obtained their smallest size after 8 
passes at all processing temperatures. The average grain size decreased to ~0.7 μm 
after eight passes at RT, and refined to ~4 μm and ~1.8 μm for the samples 
processed at 250°C and 150°C respectively. Although the samples processed at 
350°C showed grain refinement (~120 μm), this was not as significant as for the 
lower deformation temperatures. 
Grain boundary character
The distribution of HAGB fraction vs. accumulated strain has been plotted 
in Fig 4.9. The HAGB fraction increased continuously only for ECAP at RT and 
remained constant after 4 passes at 150 °C. Further, the HAGB fraction increased 
up to 6 passes and then remained constant at 250°C and 350°C. Also, the first 2 
passes had similar HAGB fractions for all processing temperatures. After 4 passes, 
samples processed at 150°C and 250°C exhibited a higher fraction of HAGBs 
relative to ECAP at 350°C and RT samples. However, after 8 passes, RT samples 
showed a high fraction of HAGBs compared to samples processed at 150°C. It 
should be remarked that samples processed at 250°C showed the highest HAGB 
fraction after 8 passes. In summary, RT ECAP showed a continuous increase in the 
HAGB fraction, whereas 150°C and 250°C samples showed stagnation after 6 
passes, and at 350°C, a decreasing fraction was present after 6 passes. 
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4.2.3 Stored energy calculations 
The stored energy after various passes at the given deformation 
temperatures was calculated using the results obtained from EBSD. Here, the 
stored energy can be calculated by the formula [32], 
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where Ed is the stored energy inside the material, Ȗs is the grain boundary energy 
for the entire grain structure, ș is the misorientation angle, f (ș) is the volume 
Figure 4.9. Fraction of HAGBs after processing at different temperatures as a 
function of ECAP accumulated strain.
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fraction, Ȗm is the high angle grain boundary energy (angle > 15°) taken as 0.324 
Jm-2 for aluminium [261], șm is taken as 15° and decd is the average equivalent 
circle diameter of the measured grains. Correspondingly, Figure 4.10 shows the 
estimated stored energy plotted as a function of accumulated strain at different 
temperatures, (Please note that the scale of the y-axis is logarithmic). As expected, 
the estimated stored energy was the highest for samples processed at RT and 
declined for samples processed at 150°C and 250°C for obvious reasons. 
Surprisingly, the energies at 150°C and 250°C were not very different, although 
being somewhat lower at 250°C than at 150°C. However, at 350°C, the energy was 
roughly two orders of magnitude lower. Generally speaking, the stored energy 
increased continuously with increasing number of passes for samples processed at 
RT and 150°C. For the samples processed at 250°C and 350°C, the energy 
increased up to 4 passes and then remained almost constant. Another general 
feature for the samples deformed at RT and 150°C was that, the stored energy 
increased rapidly up to 4 passes and then more gradually up to 8 passes.  
Figure 4.10. Predicted stored energy of samples processed at different 
temperatures as a function of ECAP accumulated strain. Please note: y-axis is 
logarithmic.
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4.2.4 Microhardness evolution 
The measured microhardness values are plotted as a function of ECAP 
strain in Fig 4.11. The hardness increased with increasing strain and by decreasing 
the deformation temperature. After 4 passes, the microhardness remained almost 
constant, actually with a very small slope for samples pressed at RT and 150°C. 
Samples processed at 250°C and 350°C showed a decreasing trend at high number 
of passes after reaching the maximum hardness. Samples processed at 250°C 
obtained maximum hardness after 6 passes, however the maximum occurred after 
just 4 passes for samples pressed at 350°C. At the latter temperature, there was also 
a small drop when moving from 1 to 2 passes. 
4.2.5 Crystallographic Texture 
 The initial texture of the as-received CP Al sample presented as a 
(111) pole figure is shown in Fig 4.12. The colour codes for the respective 
intensities in Fig 4.12c represent the scale for all macro textures obtained for CP Al 
throughout the thesis. It should be noted that this scale is used throughout the 
investigations on CP Al. From Fig 4.12, the initial texture of the as-received 
material could be characterized as random. The first pole (Fig.4.12a) represents the 
Figure 4.11. Mean microhardness of samples processed at different 
temperatures as a function of ECAP accumulated strain.
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raw figure as obtained from the XRD goniometry, whereas Figure 4.12b is the 
corresponding calculated pole figure, adjusted for sample symmetry and other 
characteristics such as x-ray absorption, sample height displacement. The 
calculations included texture using harmonic function iterations. The following 
(111) pole figures for various experimental conditions are calculated, and the 
texture evolution can be interpreted using the (111) ideal orientations for ECAP 
established by Li et al. [54], for e.g. see Chapter 2. Accordingly, one can see by 
comparing the ‘B’, ‘C’ and ‘A’ type texture components that, ‘B’ type variants and 
the ‘A’ type textures are getting more prominent at high temperatures. 
Furthermore, Figure 4.13 depicts the calculated (111) pole figures for 
samples processed to 1 pass at different processing temperatures. It can be seen that 
Figure 4.12. Obtained (111) pole figures of the as-received CP Al measured by X-ray 
goniometry; (a) measured, (b) calculated, (c) the corresponding intensity scale used for all x-
ray (111) pole figures obtained for various conditions of CP Al.
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the textures are more spread at RT (Fig 4.13a) and become sharper with increasing 
temperature. While A and B components are prominent at all temperatures, 
samples at elevated temperatures (Figs 4.13b–4.13d) show non-uniform texture 
components. Also, the RT sample shows the C component. It can be generally 
inferred that the intensity of texture components increases with increasing 
deformation temperature. 
Furthermore, the calculated (111) pole figures after 2 passes (Fig 4.14)  for 
samples processed at RT, 150°C, 250°C and 350°C show that RT samples (Fig 
4.14a) develop clear ECAP textures except that they are slightly misoriented from 
their ideal orientations. Also, the texture intensity for RT increased significantly for 
the B component. Samples processed at 150°C and 250°C  (Figs 4.14b and 4.14c) 
Figure 4.13. The obtained texture of  CP Al after 1 pass ECAP measured 
by X-ray goniometry expressed as (111) pole figures; (a) RT, (b) 150°C, 
(c) 250°C, (d) 350°C. 
(a) 
(b) 
(c) (d) 
ECAP 1 pass 
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follow a similar trend, developing more ideal ECAP textures. However, they were 
not as complete and strong for  RT samples. At 350°C, some ECAP components 
were developed, primarily Bș and –Bș and they were sharp but not fully established 
(Fig 4.14d). 
The corresponding (111) calculated pole figures for samples processed to 4 
passes are shown in Fig 4.15. The samples processed at RT, 150°C and 250°C 
(Figs 4.15a–4.15c) show fully developed ECAP orientations and they are relatively 
ideally oriented. 350°C samples (Fig 4.15d) had a more fibrous development of the 
A and the B components. Also, a weak C component was seen for the three lowest 
temperatures. 
Figure 4.14. The obtained texture of CP Al after 2 passes ECAP measured by X-ray 
goniometry expressed as (111) pole figures; (a) RT, (b) 150°C, (c) 250°C, (d) 350°C. 
(a) (b) 
(d) 
(c) 
ECAP 2 passes 
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After 6 passes, samples processed at RT, 150°C and 250°C (Figs 4.16a–
4.16c) had more fibrous textures. In other words, ECAP shear textures developed 
instead of sharp components and the components became more uniform. Also, RT 
samples exhibited a weakening of the C component. Samples processed to 350°C 
developed more complete textures than those observed at 150°C  and 250°C after 2 
or 4 passes, i.e. without a significant C component. Also, the sharp B and A 
components finally became fibrous, i.e.  typical to shear textures, at 350°C and 6 
passes. 
ECAP 4 passes 
(c) 
Figure 4.15. The obtained texture of CP Al after 4 passes ECAP measured 
by X-ray goniometry expressed as (111) pole figures; (a) RT, (b) 150°C, (c) 
250°C, (d) 350°C.
(a) 
(d) 
(b) 
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Figure 4.17 shows the corresponding pole figures after 8 passes. While RT 
samples (Fig 4.17a) show a slight drop in intensity, all other samples (Figs 4.17b–
4.17d) develop more shear type ECAP textures. In other words, the components 
became less sharp and more fibrous. 
Figure 4.16. The obtained texture of CP Al after 6 passes ECAP measure 
by X-ray goniometry expressed as (111) pole figures; (a) RT, (b) 150°C, 
(c) 250°C, (d) 350°C. 
(a) (b) 
(c) (d) 
ECAP 6 passes 
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For a better understanding and to quantitatively analyse the textures, 
constant ĭ2=45° ODF sections for the range ĭ1= 0° to 360°, ĭ = 0° to 90° are 
presented in Figs 4.18–4.21. The corresponding colour codes for the various 
intensities are given in Fig 4.22. Here, the A, B and C components are marked in 
the ODF plots. Samples processed at all given temperatures developed typical 
ECAP textures after 8 passes as have been reported in previous studies [52, 262]. 
For samples processed at RT, the A, B and C components were initially formed. In 
the first pass, the A type component appeared and after 2 passes, the B and C 
components were clearly identified. In addition, the intensity of the C component 
increased (Fig 4.18b). Hence, with increasing strain up to 4, the textures were 
concentrated around the C component (Fig 4.18c).  With further increase in strain, 
i.e. after 6 and 8 passes as shown in Figs 4.18d–4.18e respectively, the textures 
reduced their intensity and approached more random orientations.  
Figure 4.17.  The obtained texture of CP Al after 6 passes ECAP 
measured by X-ray goniometry expressed as (111) pole figures ; (a) 
RT, (b) 150°C, (c) 250°C, (d) 350°C. 
(b) 
(c) (d) 
(a) 
ECAP 8 passes 
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Figure 4.18. Constant ĳ2=45° ODF sections for (a) 1 pass, (b) 2 passes, (c) 4 passes, 
(d) 6 passes and (e) 8 passes ECAP of pure Al by route Bc at RT. Intensity colour 
code; refer to Fig 4.22. 
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Furthermore, samples processed at 150°C (Fig 4.19), exhibited a (111) 
fibre parallel to ND during the first pass along with the A and B components. 
However, the intensity of the obtained textures was not as strong as for RT. With 
increasing strain, A and B components manifested but the C component became 
weaker than that observed at RT after 4 passes. With further increase in strain, the 
C component decreased further in intensity, but other orientations (A and B type) 
did not change significantly. 
86 
(a) 
(b) 
(c) 
(d) 
(e) 
ĳ1 
ĳ
Aș
Bș
Cș
-Bș
A*2ș
Bș
A*1ș
-Aș
-Bș
Cș
-Bș
A*1ș
Bș
A*2ș
Aș
Bș
Cș
-Bș
A*2ș
Bș
A*1ș
-Aș
-Bș
Cș
-Bș
A*1ș
Bș
A*2ș
Aș
Bș
Cș
-Bș
A*2ș
Bș
A*1ș
-Aș
-Bș
Cș
-Bș
A*1ș
Bș
A*2ș
Aș
Bș
Cș
-Bș
A*2ș
Bș
A*1ș
-Aș
-Bș
Cș
-Bș
A*1ș
Bș
A*2ș
Aș
Bș
Cș
-Bș
A*2ș
Bș
A*1ș
-Aș
-Bș
Cș
-Bș
A*1ș
Bș
A*2ș
Figure 4.19. Constant ĳ2=45° ODF sections for (a) 1 pass, (b) 2 passes, (c) 4 passes, (d) 6 
passes and (e) 8 passes ECAP of pure Al by route Bc at 150°C. Intensity colour code; 
refer to Fig 4.22. 
ECAP at 150°C 
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The results obtained for samples processed at 250°C (Fig 4.20), showed a 
similar evolution as at 150°C. But the initial (111) fibre parallel to ND observed at 
150°C was absent. While the strongest texture observed at 150°C was the A type 
orientations, the B type orientations were more dominating at 250°C with 
increasing strain. Additionally, a very weak cube texture could be observed after 8 
passes.  
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Figure 4.20. Constant ĳ2=45° ODF sections for (a) 1 pass, (b) 2 passes, (c) 4 passes, (d) 
6 passes and (e) 8 passes ECAP of pure Al by route Bc at 250°C.  Intensity colour code; 
refer to Fig 4.22. 
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For samples processed at 350°C (Fig 4.21), the textures became stronger 
compared to their counterparts deformed at lower temperatures. During the first 
four passes, A and B type components were developed with strong intensities. The 
C component started to develop only at 6 passes but disappeared again after 8 
passes. Another feature that could be observed was the development of a rotated 
cube texture which progressively increased in intensity up to 6 passes and 
weakened after 8 passes. 
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Figure 4.21. Constant ĳ2=45° ODF sections for (a) 1 pass, (b) 2 passes, (c) 4 passes, (d) 6 
passes and (e) 8 passes ECAP of pure Al by route Bc at 350°C.  Intensity colour code; 
refer to Fig 4.22. 
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A summary of three highest ODF texture components for the various 
deformation temperatures and respective pass numbers is collected in Table 4.1 
below: 
Table 4.1 Three highest intensities of the textures obtained from constant ODF 
sections of samples processed by ECAP for different passes at different 
processing temperatures. 
ECAP 
passes
RT 150°C 250°C 350°C
ĭ1 ĭ ĭ2 ĭ1 ĭ ĭ2 ĭ1 ĭ ĭ2 ĭ1 ĭ ĭ2
1  
164 86 45 10 3 45 346 70 45 346 70 45
271 23 45 60 2 45 115 30 45 115 30 45
20 54 45 30 54 45 278 25 45 278 25 45
2 
294 60 45 294 60 45 113 30 45 349 45 45
172 48 45 172 48 45 280 25 45 169 60 45
52 60 45 52 60 45 38 80 45 294 35 45
4 
231 33 45 231 33 45 110 30 45 111 40 45
24 2 45 24 2 45 286 30 45 291 42 45
166 49 45 166 49 45 224 72 45 229 44 45
6 
56 45 45 56 45 45 107 40 45 184 8 45
176 81 45 176 81 45 50 40 45 100 0 45
114 40 45 114 40 45 288 70 45 229 80 45
8 
170 70 45 174 77 45 170 70 45 209 18 45
45 54 45 50 45 45 45 54 45 288 16 45
286 59 45 291 63 45 286 59 45 353 21 45
ϭϮ͘Ϭ
ϭ͘Ϭ
Ϯ͘Ϭ
ϰ͘Ϭ
ϴ͘Ϭ
Ϯϰ͘Ϭ
Figure 4.22. The scale used for all ODF intensities obtained for ECAP’ed 
CP Al for the constant ODF sections under various conditions. 
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From Table 4.1 and Figs 4.18–4.22, it can be seen that for all processing 
conditions, the textures were displaced ±20° from their ideal ECAP orientations. 
However, with increasing number of passes, the textures tend to orient themselves 
towards more stable ideal orientations. More details on the texture development 
during ECAP of CP Al with respect to deformation temperature and accumulated 
strain is discussed in Chapter 5. 
4.3 Al/Mg bi-metals 
As mentioned, the studies on Al/Mg bi-metals involved Al and Mg alloys 
processed by ECAP. The analysis of the rod type structure (Fig 3.2) led to a 
development of a macrocomposite that incorporated the deficiencies observed in 
this structure. The results obtained with these materials are explained below. 
 4.3.1 Rod type structure 
The investigations on CP Al described above were performed to analyse 
the effect of deformation  temperature on grain refinement in pure Al and 
simultaneously identify the optimized condition for co-deformation of CP Al and 
AZ31 materials. From the results shown in Section 4.1, it can be inferred that even 
at high temperature, CP Al can be refined significantly up to 250°C, i.e. exhibiting 
less than 5 μm mean grain size after 6 passes by ECAP route Bc. Hence, a 
minimum temperature of 250°C was selected to study the bonding and interfacial 
characteristics of co-deformed CP Al and AZ31 alloy bi-metal in the rod type 
structure set-up. 
As-received materials 
 The microstructure of the as-received CP Al was shown above in Fig 4.2. 
The corresponding optical micrograph of the as-received AZ31 Mg alloy is shown 
in Fig 4.23. For the latter, the grain size distribution is bimodal having large and 
small grains. The initial mean grain size was found to be 46 μm for the AZ31 alloy 
and 1.2 mm for CP Al. Moreover, the microhardness values of the as-received CP 
Al and AZ31 alloy were 22±2 HV and 57±6 HV respectively.
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ECAP processing  
The CP Al/AZ31 Mg alloy bi-metal was processed by ECAP as a rod type 
structure at 250°C for one pass only. A macrograph of this sample is shown in Fig 
4.24. 
Figure 4.23. An optical micrograph of the as-received AZ31 Mg alloy used in the 
bi-metal studies.
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Figure 4.24 depicts the unECAP’ed region in the lower right part, and a 
clear difference between scratches observed during machining and the zig-zag 
shaped cracked regions can be observed. A lot of cracks formed along the ECAP 
shear direction when observed in the ED-ND plane. Hence, it seemed difficult to 
process the bi-metal configuration with AZ31 in the core surrounded by CP Al at 
250°C without any premature cracking. As a consequence, further ECAP 
processing trials were carried out at 350°C. The corresponding bi-metal processed 
at this temperature is shown in Fig 4.25.  
Figure 4.24. Overview of the Al-AZ31 rod type bi-metal  sample processed by ECAP during 1 
pass at 250°C. Dashed arrows indicate cracks in AZ31 core (associated with the zig-zag 
pattern). UnECAP’ed region and machining scratches are also marked for comparison.
UnECAPed region 
Scratches during 
machining 
20 mm 
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The above figure shows one sample cut into two halves longitudinally, one 
having polished and the other, machined and not polished. The two conditions are 
shown for comparison. It can be seen that the typical zig-zag cracks shown in Fig 
4.24 did not appear when processed at 350°C. Hence all subsequent samples were 
processed at 350°C and then up to 6 passes. It should be remarked that further 
investigations on microstructure evolution and mechanical properties were only 
carried out on samples successfully processed at 350°C, i.e. see the following 
results.  
Interface studies 
 However, interface studies performed on the CP Al/AZ31 bi-metal were 
carried out on samples processed at both 250°C and 350°C using electron 
spectrometry techniques in combination with FEGSEM. Figure 4.26 shows a 
magnified SEM image of the interface in the sample processed at 350°C for 4 
passes. Various regions were marked out and quantitative analysis was done by 
Figure 4.25. Macrograph of the Al-AZ31 rod type bi-metal sample processed by ECAP after 
1 pass at 350°C.
Machined but not 
polished
Machined and 
polished
20 mm 
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EDS and EPMA. Figure 4.26 also shows EDS line scan (green line) and the 
corresponding concentration profile.  
Further, Figure 4.27 shows the quantitative EPMA maps of Al, Mg and Zn 
for the sample processed at 250°C to 1 pass whereas Al, Mg and Mn maps for 
samples processed at 350°C to 1, 2, 4 and 6 passes are shown in Fig 4.28.  
~ 2ȝm 
~ 10 ȝm 
IF1 
IF2 
Al AZ31 
AZ31  
IF1 IF2 
Pure Al 
Figure 4.26.SEM micrograph of the cross-section of the bi-metal processed  at 350°C to 4 
passes. Two interface regions can be seen and their respective widths are marked as ~2 ȝm 
and ~10 ȝm. The black rectangle corresponds to the region shown in the lower part. Here 
the y-axis represents the composition in mass%. In this concentration profile, red curve 
corresponds to Al and the green curve represents the Mg content. 
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Figure 4.27.  EPMA analysis of the interface in CP Al/AZ31 bi-metal processed by ECAP after 1 pass at 
250°C.
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ECAP 1 pass 350°C 
Figure 4.28a. EPMA mapping of the interface in CP Al/AZ31 bi-metal processed by ECAP at 350°C after 
1 pass. 
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ECAP 2 passes 350°C 
Figure 4.28b. EPMA mapping of the interface in CP Al/AZ31 bi-metal processed by ECAP at 350°C after 
2  passes by route Bc. The black arrow represents type ’1’ cracks.
100 
 ECAP 4 passes 350°C 
Figure 4.28c. EPMA mapping of the interface in CP Al/AZ31 bi-metal processed by ECAP at 350°C after 4 
passes by route Bc. 
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In other words, two distinct transition regions were observed in the 
interface area by quantitative EDS. IF1, the first region, close to the AZ31 alloy 
was identified as an Mg17Al12 intermetallic phase (yellow region in the Mg 
mapping). The second region (IF2) was identified as the Al3Mg2 intermetallic 
(shown as green in the Mg mapping in Fig 4.28) and was located close the pure Al 
region. Also, the various EPMA mappings showed that region IF2 was relatively 
uniform, continuous and increased in width with accumulated ECAP strain, 
whereas region IF1 was more localized (please refer to Figs 4.27–4.28).  
Although bonding has been established by diffusion of Mg into the Al 
region, the interface consisted of a very thin region of intermetallics. With  
Figure 4.28 d. EPMA mapping of the interface in CP Al/AZ31 bi-metal processed by ECAP at 350°C after 
6  passes by route Bc. The black arrow represents type ’1’ cracks and the red arrow represents type ’2’ 
cracks.
ECAP 6 passes 350°C 
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increasing number of passes, the thickness (or the width) of the overall interface 
was increased. The variation in interface thickness with regard to the accumulated 
ECAP strain at 350°C can be imaged from Fig 4.28. Here, the increase in the 
region IF1 thickness was relatively small, whereas region IF2 showed a parabolic 
dependence with increasing strain. Another feature was that cracks formed in two 
different directions, as can be seen at the interface (red and black arrows in the Figs 
4.28b and 4.28d). ‘Type 1’ cracks seemed to propagate along the circumference of 
the interface. However, some of the cracks propagated towards the Al region (Fig 
4.28d) and are labelled ‘Type 2’ cracks. 
Microstructure studies
The mean grain size in both Al and Mg rich regions decreased with 
increasing number of ECAP passes, i.e. see the plots in Fig 4.29.  
c) 
Figure 4.29. Mean grain size of Al and AZ31, width of the interface IF2 and average grain 
misorientation angle in Al as a function of ECAP passes.
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Further, Fig 4.30 shows the corresponding OIM maps of CP Al in the ND-
TD plane and one can see that the grain size decreased significantly. Here, the red 
arrows indicate the interface and the AZ31 alloy region. Some HAGBs were 
discontinuous, i.e. they stop at one of their ends (refer black arrows in Fig 4.30). 
Figure 4.30. OIM maps of CP Al region in samples processed by ECAP at 350°C. (a) first pass; (b) 
two passes; (c)  four passes; (d) six passes. The corresponding colour coding of the IPF maps is 
shown in the lower part. Note that the red arrow corresponds to the interface between AZ31 and 
Al regions. The black arrows show the discontinuous HAGBs with open ends.
ND 
TD 
(a) 
(d) (c) 
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Further, the OIM maps of the Mg rich AZ31 alloy region in the same plane 
are shown in Fig 4.31. It can be seen that the mean grain size did not refine as 
much as in CP Al. In order to reveal further quantitative details, curves containing 
various microstructural parameters were plotted against the accumulated strain, as 
shown above in Fig 4.29. The mean grain size in CP Al decreased significantly 
with increasing strain, e.g. from 1.2 mm to about 30 μm after 6 passes, whereas, 
the grain size in AZ31 decreased only slightly from ~46 μm to ~22 μm. By 
comparing the error bars in Fig 4.29 and the OIM maps in Fig 4.31, it can be 
inferred that the AZ31 region has a bimodal size distribution during the initial 
passes and the overall grain size became more homogeneous with increasing 
number of passes.
Microhardness  
Figure 4.31. A series of OIM maps of the AZ31 region in samples processed by ECAP at 350°C. (a) 
first pass; (b) two passes; (c) four passes; (d) six passes. Note that the black arrow corresponds to the 
interface between the AZ31 and Al region.
(d) (c) 
(b) (a) 
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The microhardness profile after various passes, plotted as a function of 
distance from the centre of the AZ31 region is shown in Fig 4.32. The hardness 
increased with increasing number of passes for both CP Al and Mg rich regions. 
The former increased from 22 HV to ~30 HV, whereas, AZ31 increased from 57 
HV to ~66 HV after 6 passes. Another important feature was the reduction in 
hardness at the centre of the AZ31 region. However, the width of this reduction 
zone decreased with increasing number of passes.  
Figure 4.32. Microhardness profiles of samples processed by ECAP at 350°C for various 
passes plotted as a function of distance from the centre of the AZ31 region. 
Al Al 
   AZ31 
106 
Tension tests and fracture studies 
 Tension tests were carried out at a ram speed of 2 mm/s for samples 
processed to 6 passes as explained in Section 3.7. Figure 4.33 shows a 
corresponding engineering stress-strain curve. The yield strength (YS) and the 
ultimate tensile strength (UTS) were 62 MPa and 136 MPa respectively, and the 
engineering strain at failure was ~15%. 
  
The tested samples were investigated using SEM for fractography studies, 
i.e. Figure 4.34. Three distinct regions have been marked out. The region between 
the yellow and the green line represented by the yellow arrow, showed some AZ31 
particles sticking to the surface of CP Al. The second region between the green and 
white line represented by a green arrow, failed in a ductile void coalescence 
manner and did not show any visible AZ31 particles on the aluminium surface. 
There were also a series of lines caused by sliding of the AZ31 rod which once 
probably was sticking to the CP Al surface. These lines represent a pull-out 
phenomenon.  
Figure 4.33. The engineering stress-strain curve of a CP Al-AZ31 bi-metal rod 
type sample processed to 6 passes ECAP at 350°C by route Bc.
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Furthermore, an EDS line scan was performed on the fracture surface in 
region 2 and region 3 to examine (along blue arrow in Fig 4.34) in order to confirm 
whether there was any presence of Mg on the surface of CP Al. Figure 4.35 reveals 
this EDS line scan of this blue arrow and in fact, revealed the presence of Mg on a 
local scale. This showed that there has been local bonding on the surface of Al 
before a pull-out occurred. 
Figure 4.34 .SEM fractograph of a sample after six passes pulled in the uniaxial tensile test. 
Three distinct regions are marked accordingly; Yellow arrow indicates some AZ31 particles 
bonded to pure Al. Green arrow indicates inner region depicting delamination on application 
of stress. Region left of the white line represents the surface parallel to the plane of paper. 
3
2
1
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4.3.2 Macrocomposite type  
As explained in Section 4.3.1, the rod type structure displayed a relatively 
well bonded interface between the Al block and the AZ31 core when processed at 
350°C. The tensile strength of this dissimilar material configuration depended upon 
the weaker material, in this case CP Al. Also, the interface studies revealed the 
existence of intermetallics. It was then realised that the strength of an Al/Mg bi-
metal can be improved by:  
• Introduction of more interfaces with intermetallics . 
• Alternate Al and AZ31 layers where the strength is less dependent on 
the weaker material. 
Surface parallel to the plane 
of paper that was broken 
during the tensile test 
Inner surface of the Pure Al 
block that was once close to the 
interface before failure 
Mg on the Pure Al 
surface due to 
localized bonding 
Figure 4.35. Fracture surface EDS line-scan analysis along the blue arrow in Fig 4.34. The 
localized Mg peaks in the failed region show that the bonding between Al and Mg was present. 
Y-axis represents the composition in mass% and the x-axis represents distance. Red and black 
lines correspond to Al and Mg respectively. Also, green, cyan and blue represent, Si, O and C 
respectively.
Al
Mg Si C
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• Increasing the specific surface area (surface area/volume) in order to 
promote diffusion of Mg. 
These guidelines were incorporated in order to develop a higher strength 
material and led to the present macrocomposite bi-metal configuration. The various 
results obtained for the macrocomposite are explained in the following. 
As-received materials 
The as-received constituting materials were the same as those used for the 
rod type bi-metal structure. The CP Al and AZ31 Mg alloy had an initial mean 
grain size of 1.2 mm and 46 μm respectively before machining to chips.  
Screw extruded macrocomposite 
 The initial screw extruded macrocomposite was examined by optical 
microscopy and SE microscopy for grain size and general microstructural analysis 
along the cross section. Figures 4.36 and 4.37 show the obtained polarized optical 
micrographs (POMs). Here, the bonding interfaces between various CP Al chips 
can be seen as black lines. However, the bonding of these chips was not perfect 
after screw extrusion as can be seen by the black arrows marked out in Fig 4.36. 
Also, the thick dark regions in the same figure correspond to the Mg rich regions, 
as indicated by the red arrows. 
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Interestingly, the initial as-received materials were subjected to significant 
grain refinement after machining to chips followed by screw extrusion and the 
overall mean grain size was found to be ~27±14 μm. Figure 4.37 shows the typical 
grain structure after screw extrusion as observed by polarized light (PO). CP Al 
grains are here in colours and AZ31 reinforcements appear as white islands, i.e. 
marked by black arrows. The overall average microhardness was 42±17 HV. The 
corresponding mean microhardness of Mg rich regions was 71±4 HV, whereas for 
the Al rich regions, it was 27±3 HV. 
Figure 4.36. Polarized optical micrograph of the screw extruded 
macrocomposite. Red arrow indicates AZ31 islands and black arrows represent 
boundaries between bonded Al chips.
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Further analyses were performed in an FEGSEM (see Fig 4.38). Islands of 
the AZ31 Mg can here be seen as darker areas and they were broken down into 
smaller dimensions during the screw extrusion process. The structure showed a 
more or less homogenized distribution of AZ31 chips along the cross section. 
However, the chips were broken down to smaller dimensions closer to the centre of 
the extruded rod. Along the edges of the cross-section, the AZ31 chips remained 
longer than those observed closer to the centre. 
Figure 4.37. Polarized optical micrograph of the screw extruded macrocomposite at 
higher magnification. Black arrows indicate the AZ31 islands, whereas colored grains 
correspond to Al.
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Furthermore, Figure 4.39 shows a magnified SE image of a typical AZ31 
and CP Al interface. Two distinct transition regions on either side of the AZ31 
island were observed. However, the interface structure and the composition 
remained similar to that observed in the Al/AZ31 rod type bi-metal configuration.  
Figure 4.38. SEM micrographs of the screw extruded macrocomposite; (a) close 
to the center of the cross-section, (b) close to the end of the cross-section, i.e. the 
outer surface of the rod.
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Also, EDS was carried out to collect more information on the interface 
structure. Figure 4.40 shows the characteristic results: Although most of the AZ31 
constituents remained as such, i.e. showing little diffusion into Al, localized 
dissolution of Mg into Al regions occurred. Typically local dissolution occurred for 
islands where the thickness was quite small  1 μm.  
Figure 4.39. A high magnification SEM micrograph in the cross section of the screw extruded 
macrocomposite. The dark region is AZ31 and the symmetric transitions towards the aluminium are 
clearly exposed.
CP Al 
CP Al 
AZ31 
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Corresponding high magnification EDS results are shown in Fig 4.41. It 
can be seen that the composition of the interface regions consisted of two different 
interface transition regions, i.e. IF1 and IF2, similar to that explained in Chapter 4. 
Also, a similar observation as to the rod type bi-metal configuration was seen, i.e. 
cracks occurred in the interface transition regions (black arrows in Fig 4.41). 
Figure 4.40. An EDS line scan across the Al/AZ31 interfaces in the cross section of the screw 
extruded macrocomposite. Y-axis represents the composition in mass% and the x-axis represents 
the distance. The red and green lines indicate Mg and Al respectively, while blue and cyan represent 
O and Zn.
Mg Al 
20 μm 
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ECAP’ed macrocomposite 
 The ECAP’ed macrocomposite obtained from screw extrusion was 
analysed in a similar manner as the screw extruded condition itself. Figures 4.42–
4.43 show some obtained polarized light micrographs, reflecting typical microscale 
characteristics.  
Figure 4.41. An EDS line scan of the Al/AZ31 interface in the cross section of the screw extruded 
macrocomposite but at a slightly higher magnification. Black arrows show cracks in the transition regions. 
Y-axis represents the composition in mass% and the x-axis represents the distance. The red and green lines 
indicate Mg and Al respectively, while blue and cyan represent O and Zn.
Al 
Al 
Mg 
15 μm 
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Figure 4.42. Polarized optical micrograph in the cross section view of ECAP’ed macrocomposite 
deformed at 200°C for 1 pass. The thin blue features are remains of AZ31 chips.
Figure 4.43. Polarized optical micrograph of the ECAP’ed macrocomposite at a higher 
magnification (T = 200°C, 1 pass).
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Firstly, the optical microscopy revealed finer grains as compared to that of 
the as-screw material. Secondly, the bonding between CP Al chips and between CP 
Al and AZ31 constituents improved significantly, e.g. no interface boundaries 
between any two CP Al chips could be observed (contrary to those observed in Fig 
4.36).  Thirdly, the AZ31 islands observed in the form of thick constituents in the 
screw extruded samples were absent. Instead, thin and long plate-like morphologies 
were dominant. Also, the characteristic structure observed by polarized light 
microscopy (Fig 4.43), contained grains smaller than that observed after screw 
extrusion (ref. Fig 4.37). In fact, the overall grain structure was further refined 
from a mean grain size of ~27 μm (as-screw extruded) to a mean grain size of ~5 
μm (after 1 pass ECAP at 200°C). 
Furthermore, Figures 4.44–4.46 show the SEM (SE image) micrographs of 
the same ECAP’ed condition.  
Figure 4.44. SEM micrograph in the cross-section view of the ECAP’ed macrocomposite 
(T= 200°C, 1 pass).
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It can be seen that the Mg rich islands became smaller and thinner after 
ECAP. Another feature that can be seen from Figs 4.44–4.45 is the alternate bright 
and dark contrast, which represents the Al and Mg rich regions respectively. In fact 
most of the dissimilar material constituents were significantly thinned. 
Furthermore, the interface observed after ECAP (Fig 4.46) was very 
different from that observed in the screw extruded macrocomposite. Firstly, the 
interface region did not show any transitional section. Secondly, no cracks were 
observed at the interface transition regions. In order to further investigate this 
interface structure and composition, EDS was also carried out in a FEGSEM.  
Figure 4.45. Another SEM micrograph in the cross-section view of the ECAP’ed 
macrocomposite but at a slightly higher magnification.
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Figure 4.47 shows the EDS line analysis performed in a typical region of 
the ECAP’ed composite. This reveals that the composition of the Mg rich regions 
contained 65-80 wt% Mg and 16-25 wt% Al. However, it is important to note that 
the Mg rich islands did no longer exist as AZ31 Mg regions, but instead as an Mg-
Al intermetallic dispersed in Al. Also, this figure reveals that Mg was uniformly 
dissolved into Al in solid solution and constituted about 3-5 wt%. This is very 
unlike the screw extruded condition where the latter exhibited a distinct 
distribution of Mg and Al rich constituents, and minor dissolution of Mg into Al 
occurred (refer Fig 4.40). 
Figure 4.46. Another SEM micrograph of the cross-section view of the ECAP’ed The lighter 
bands consisted of dispersed Al-Mg intermetallics.
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Microstructure 
EBSD analysis was also performed on the ECAP’ed macrocomposite in 
order to characterize the microstructure. Figures 4.48–4.49 show OIM maps taken 
in the ED-ND plane. The grains were refined significantly, i.e. to ~5 μm after 
ECAP. The noise in the OIM map shown in Fig 4.49 corresponds to poor patterns 
caused by high accumulated strains, combined with inherent poor indexing of the 
grain boundaries. In general, the grain size distribution was found to be 
homogeneous after ECAP.  
Figure 4.47. EDS line scan analysis of the cross-section view of ECAP’ed macrocomposite but at a 
slightly high magnification. Y-axis represents the composition in mass% and the x-axis represents the 
distance. The red and green lines indicate Mg and Al respectively, while blue represents Zn. Black 
ellipses indicate the interface structures.
Al 
Mg 
10 μm 
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Figure 4.49. A corresponding high resolution OIM image. Some grains reveal 
misorientation gradients.
SD 
ND 
ED 
TD 
SD 
ND 
ED 
TD 
Figure 4.48. An OIM image of the  macrocomposite after 1 pass ECAP at 200°C 
showing fine grains distributed in a homogeneous manner .
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EDS mapping was also performed in random regions along the 
longitudinal ED-ND plane (Fig 4.50). It can be seen that a more significant 
diffusion of Mg into Al occurred as compared to that of the screw extruded 
counterpart. However, the width of Mg rich islands was not as thin as they were in 
the cross section. This could mean that diffusion of Mg into Al was more extensive 
along the ND and TD than in the ED. Here, green and red areas can be seen, 
representing alternate CP Al and Mg/Al intermetallics formed as a consequence of 
diffusion of Mg into aluminium. 
Figure 4.50.  An EDS mapping of the ECAP’ed macrocomposite along the longitudinal ED-ND 
plane; (a) the SE image of the selected area. The mapped region is shown by the green rectangle. (b) 
EDS mapping of the selected region. Green color represents Al and the red colour represents Mg 
rich constituents.
(b) 
(a) 
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Mechanical properties 
 Tensile tests were carried out to evaluate the strength of the material under 
uniaxial loading. To have a comparable set of data, tests were also performed on 
as-screw extruded specimens. Figure 4.51 shows the engineering stress strain curve 
for both screw extruded and subsequent ECAP’ed specimens. Table 4.2 gives the 
various properties calculated from these curves. It can be seen that both the yield 
strength and the UTS increased 1.5 times after ECAP. However, the strain to 
failure was reduced by ~50%. Another interesting feature that can be observed 
from these curves is the serrations. 
Figure 4.51. A comparison of engineering stress-strain curves of the screw 
extruded and the subsequent ECAP’ed macrocomposite.
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Table 4.2 A comparison of the mechanical properties of the screw extruded 
macrocomposite and the ECAP’ed macrocomposite. The data is taken from a 
single test due to limited availability of material. 
Fractography 
The SEM fractographs of a failed as-screw extruded tensile sample is 
shown in Figs 4.52–4.53. This sample had undergone failure without undergoing 
necking and the sample surfaces appeared flat and bright. Several other features 
can also be observed from the fractographs. The black arrows represent cracks 
propagating through the AZ31 islands along their length. The red arrows represent 
a network of interconnecting voids. The screw extruded material failed in different 
ways in different regions. In general, AZ31 Mg alloy islands underwent brittle 
fracture at the interfaces and can be observed by the elliptic markings in Fig 4.52.   
Sample Yield strength (MPa) UTS (MPa) 
Elongation to 
failure (%) 
Screw extruded 
macrocomposite 172 237 16.4 
ECAP’ed 
macrocomposite 275 363 7.8 
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The large secondary delamination cracks (red ellipses) correspond to brittle 
fracture at the interface where debonding of the AZ31 islands occurred. Smaller 
pores/dimples (red arrows) represent the cup and cone ductile fracture in Al and the 
size of these pores correlates with the dimensions of local AZ31 constituents. Also, 
the geometry of these pores is similar to the initial AZ31 alloy islands observed in 
the cross section, e.g. see Fig 4.37. In general, the CP Al matrix failed by ductile 
cup and cone fracture or slip decohesion. However, from the interconnected pores 
in Fig 4.53 (see the black arrows), it can be inferred that poor bonding between 
different chips had accelerated crack propagation through their boundaries. 
Figure 4.52. SEM fractograph from the as-screw extruded macrocomposite deformed in uniaxial 
tension. Red ellipses represent regions failed by brittle fracture (delamination) and the red arrows 
represent regions failed by ductile fracture (local dimple growth). Localization of slip was quite 
dominating as well, causing slip band decohesion. The upper left part shows a typical area where 
the latter mechanism is dominant.
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Also, an EDS line scan was performed along the line shown in Fig 4.53. 
The corresponding results shown in Fig 4.54 confirmed the discrete CP Al and 
AZ31 islands. It seems obvious from this plot that the CP Al regions contain some 
magnesium and the green peaks correspond to AZ31 islands embedded in the CP 
Al matrix. 
Figure 4.53. Another SEM fractograph of the failed screw extruded macrocomposite 
deformed in uniaxial tension. The black line represents the EDS scan used to 
identify the locations of Al and Mg alloy containing regions.
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Furthermore, Figures 4.55–4.57 show SEM fractographs of the 
subsequently ECAP’ed macrocomposite. The latter failed catastrophically without 
any visible necking. However, significant differences can be observed as compared 
to the screw extruded counterpart.  
Figure 4.54. An EDS line scan of the screw extruded macrocomposite depicting Al and Mg composition 
along the line shown in Fig 4.53. Red line represents Al and the green line represents Mg rich 
constituents. The x-axis corresponds to the distance (point number) and the y-axis corresponds to 
composition in mass %.
Al 
Mg 
40 μm 
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Figure 4.55. A low magnification SEM fractograph of the ECAP’ed macrocomposite 
pulled in uniaxial tension. A brittle fracture on a plane perpendicular to the cross-
section can be observed.
Figure 4.56. SEM fractograph showing a region failed predominantly by brittle fracture 
in the ED-ND plane of the ECAP’ed macrocomposite pulled in uniaxial tension. Black 
circles represent debonded regions at interfaces.
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Firstly, the screw extruded macrocomposite showed flat bright surfaces 
typical for cleavage, whereas from Fig 4.55, a large brittle relief contour can be 
seen for the ECAP’ed macrocomposite. Figure 4.56 shows a magnified image of 
this contour. Here, the surface is smooth and some local ductile features appear due 
to presence of the CP Al matrix. However, the interfaces fractured in a brittle 
manner. Further, black circles depict large deep voids on the surface in Fig 4.56. 
The large voids represent the semi diffused AZ31 islands that once were aligned 
along the ED-ND plane prior to ECAP. A magnified image of the failed cross 
section is shown in Fig 4.57. Alternate ductile and brittle regions can be seen and 
are separated by dotted lines. These regions correspond to CP Al and Al-Mg 
intermetallics respectively, see Section 4.3.3. Further, an EDS line scan shows the 
existence of Mg within the alternate layers as shown in Fig 4.58 below and that Mg 
has been dissolved into CP Al to a large extent.   
Figure 4.57. A high magnification SEM fractograph in the cross-section of the ECAP’ed 
condition. The black line illustrates the location of  the EDS scan in Fig 4.58. Broken lines 
separate the regions of CP Al and the Mg rich constituents.
Al 
Mg rich 
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The CP Al matrix has a typical ductile cup and cone fracture and the 
dimples are relatively homogeneous corresponding to the homogeneous grain size 
observed.  
The secondary cracks seemed to propagate along the length of the Mg/Al 
intermetallic interfaces. However, the presence of the surrounding CP Al matrix 
obstructed propagation, thus resisting any premature failure. 
Microhardness 
 Microhardness measurements were made across the cross section in order 
to reflect the effect of Mg in the microstructure of the macrocomposite before 
ECAP and after being processed by ECAP. Figure 4.59 shows a comparative 
Figure 4.58. An EDS line scan of the screw extruded macrocomposite after ECAP depicting Al and 
Mg composition along the line in Fig 4.57. Red line and green line correspond to Al and Mg regions 
respectively. The x-axis corresponds to the distance (point number) and the y-axis corresponds to 
composition in mass %.
Al 
Mg 
20 μm 
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microhardness plot of these two conditions against the distance along the cross-
section. It is obvious that the ECAP’ed macrocomposite has a higher 
microhardness compared to screw extruded condition. Peaks in the as-screw 
extruded material represent the AZ31 islands. The difference in microhardness 
between the islands and the matrix is quite significant whereas for the ECAP’ed 
macrocomposite, the hardness of the matrix itself is high ~81±3 HV, which is 
approximately four times the value for the screw extruded sample. Secondly, the 
difference between the peaks and the matrix hardness in the ECAP’ed condition is 
relatively low and the peaks have similar values ~100-110 HV. 
4.4 Sheet composites 
4.4.1 Al/Al composite 
 The Al/Al sheet composite is a sandwich structure containing three Al 
sheets stacked on top of each other and subsequently processed by ECAP. The 
presence of the exact same material at all interfaces makes interpretations of 
experimental results relatively straight forward. For example, the presence of the 
Figure 4.59. A comparison of the microhardness profiles of the as-screw extruded 
and the subsequent ECAP’ed macrocomposite over the cross-section.
132 
same material means that the properties in adjacent sheets are equal, and the 
composite constituents are expected to behave similarly during ECAP. Secondly, 
since the chemical composition of the sheets is identical, different equilibrium and 
non-equilibrium phases are not expected at the interfaces. Finally, other effects 
such as additional strain hardening, solute strengthening or dynamic precipitation, 
are avoided by using this pure Al sheet configuration. Thus, any change in the 
sheet bonding characteristics would be originated from the ECAP processing 
conditions and relative parameters. In addition, pure Al is soft and the required 
pressure to process the Al/Al sheets composite is low. Also, the soft nature 
facilitates easy plastic flow in the sheet interface regions, thereby giving the 
necessary plasticity for mechanical bonding to occur under frictional conditions. 
As-received material 
The as-received material used for these particular investigations was the 
same as used for the CP Al studies described in Section 4.2. Figure 4.2 shows an 
OIM micrograph of the as-received structure and the initial mean grain size and 
microhardness were 1.2 mm and 22 ±2 HV respectively. 
Investigations on the ECAP’ed material 
 As explained above, these investigations were aimed to identify the 
optimised experimental conditions for satisfactory bonding between the sheets. 
Therefore, the Al/Al sheets were processed by varying different ECAP parameters 
for, e.g.: 
• Effect of sample length 
• Effect of back pressure 
• Effect of interface surface roughness 
• Effect of pressing speed 
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Establishing bonding criteria
A detailed multi-parameter processing design was established in order to 
reduce the number of samples and experimental parameters. This procedure is 
described as follows: 
 Samples were first prepared to a length of 100 mm as this was the standard 
length for processing ECAP bars in the NANOSPD group at NTNU. The samples 
were then at first processed under the processing conditions normally conducted 
for Al based materials within this group. Three different sandwich structures 
having their sheet surfaces cleaned, dried and roughened using 80 grit SiC paper, 
then wire and machine brushed, were subjected to RT ECAP at 2 mm/s pressing 
speed without back pressure.  However, none of the samples exhibited satisfactory 
bonding due to the slipping of sheets over each other.  Therefore, another set was 
prepared and processed without back pressure at a higher speed, i.e. 5 mm/s. Still 
no bonding was obtained.  Since all the samples failed to bond, a next set of similar 
samples were processed under identical conditions but with the introduction of 
ECAP back pressure of about 100 KN, at 2 mm/s. However, samples still failed to 
bond. New ECAP trials were then conducted at 5 mm/s with a BP of 100 KN.  
These samples were roughened similarly but did not bond. The sample that was 
machine brushed could not be processed completely, owing to the limited load-
bearing capability of the punch-tool used for pressing (up to~600 KN). To 
summarize these initial investigations, a list of the trial samples are shown in Table 
4.3, with the nomenclature explained in Section 3.3.1. 
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Secondly, the length of the samples was varied as length could have an 
added effect to the operating ECAP conditions, since friction is significantly 
involved. Here, the length of all samples were reduced to 80 mm in order to 
facilitate more easy processing within the limits of the punch-tool especially for the 
machine brushed samples. In addition, a machine brushed sample was ECAP’ed at 
a speed of 4 mm/s (sample 804MB) as processing of  the sheet composite at 5 
mm/s having an 80 mm  specimen length (805MB), reached the limit of the punch-
tool, similar to the 1005MB sample. However, it was found that even the sample 
804MB reached the limit for the punch-tool. A summary of these trials are shown 
in Table 4.4. 
Sample (F)Failed/Bonded (BN) 
1002SN F 
1002WN F 
1002MN F 
1005SN F 
1005WN F 
1005MN F 
1002SB F 
1002WB F 
1002MB F 
1005SB F 
1005WB F 
1005MB Stopped due to pressure limit
Table 4.3. Overview of the 100 mm long ECAP samples and their 
respective results. 
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Further, the same procedure was repeated for 70 mm length samples. 
Samples were also processed at 1 mm/s speed and then both with and without back 
pressure. The results are shown in Table 4.5. Interestingly, the sample 705MB 
bonded very well. However, samples 704MB, 701MB and 702MB did not show 
any bonding. As with the other samples, no bonding was obtained for specimens 
roughened with SiC paper and wire brushing. 
Sample (F)Failed/Bonded (BN) 
802SN F 
802WN F 
802MN F 
805SN F 
805WN F 
805MN F 
802SB F 
802WB F 
802MB F 
805SB F 
805WB F 
805MB Stopped due to pressure limit
804MB Stopped due to pressure limit
Table 4.4. Overview of the 80 mm long ECAP samples and their 
respective results. 
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After having observed successful bonding (705MB), it was necessary to 
further optimize the process. Therefore, the length of the samples and the pressing 
speed were varied systematically. From Tables 4.3–4.5, it can be seen that all 
samples failed to bond unless they were machine brushed. Hence, the new trials 
with sheet specimens were only processed at 5 mm/s and 2 mm/s using a back 
pressure of 100 KN for machine brushed samples. Disappointingly, all these 
Sample (F)Failed/Bonded (BN)
702SN F 
702WN F 
702MN F 
705SN F 
705WN F 
705MN F 
702SB F 
702WB F 
702MB F 
705SB F 
705WB F 
705MB BN 
704MB F 
704WB F 
704SB F 
701SN F 
701WN F 
701MN F 
701SB F 
701WB F 
701MB F 
Table 4.5. Overview of the 70 mm long ECAP samples and their 
respective results. 
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samples failed to bond. Table 4.6 shows a list of the samples processed with 
different lengths and pressing speeds and which were aimed at optimising the 
process. 
Analysis of ECAP’ed samples 
 Figure 4.60 shows a macro-photograph of some selected failed samples. 
The failed 100 mm sample (100WN) can be seen to the left. The middle sample 
shows a tailor-made 70 mm long sample that was used to investigate the severity of 
surface preparation. Here, the top sheet was wire brushed while the other two 
sheets were machine brushed. It can be seen that the bottom two sheets bonded 
very well while the top sheet remained un-bonded. The third sample to the right 
represents a machine brushed sample (605MB) that failed to bond. 
Sample (F)Failed/Bonded (BN)
502WB F 
502MB F 
505WB F 
505MB F 
602WB F 
602MB F 
605WB F 
605MB F 
Table 4.6. Overview of the 50 mm and 60 mm long ECAP 
samples and their respective results. 
138 
Microstructure analysis 
  Figure 4.61 shows an interesting macro-photograph of the well 
bonded sample (705MB) that has been sectioned along the longitudinal direction. 
The length shown in the picture is smaller than 70mm as the sample was previously 
cut for EBSD analysis and microhardness measurements before the photograph 
was taken. 
No BP
100 mm
70 mm 60 mm
Top sheet wire 
brushed
Machine brushed but 
smaller length
Figure 4.60. Macro-photographs showing examples of failed samples with respective various 
experimental conditions processed by ECAP at RT. 
20 mm 
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 A representative OIM map of the successfully processed Al/Al sheet 
composite along the ND-ED plane is shown in Fig 4.62. It is to be noted that 
interfaces were not observed even after careful SE and EBSD imaging in different 
regions. It can be seen that severe straining was introduced even after one pass. The 
grains were oriented along the shear direction and not the extrusion direction. A 
significant colour contrast can be seen within single grains, indicating obvious 
lattice rotations. Deformation bands are also observed (see black arrows in Fig 
4.62). Interestingly, the grains were significantly refined from 1.2 mm to an 
average size of 400 μm after one pass ECAP. The average microhardness also 
increased from 22±2 HV in the as-received material, to 32±3 HV after one pass 
ECAP. In order to search for the interfaces and subsequently studying the possible 
effect of surface oxides on bonding, EPMA was conducted along the ED-ND 
plane.  
Figure 4.61. Overview of the successfully processed Al/Al sheet composite. (Sample 705MB). 
The right part depicts the outer surface and the left part shows the inner surface after ECAP.
20 mm 
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A corresponding EPMA quantitative map is shown in Fig 4.63. No oxides 
were observed at this resolution. In fact, it is quite obvious from the oxygen 
mapping that the existence of oxides could not be proven by the EPMA technique. 
However, some iron-rich particles were present. Also, the exact interface region 
was almost impossible to locate as there was complete plastic bonding of the 
sheets. 
SD ED
Figure 4.62. OIM map representing the microstructure of a successfully 
processed Al/Al  composite by ECAP at RT. Sample id : 705MB. Black arrows 
indicate the deformation bands. 
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4.4.2 Al/3103 composite  
The above Al/Al composite was investigated for better understanding the 
effect of experimental parameters on bonding between two sheet surfaces 
processed by ECAP. From these results, it was found that bonding could be 
possible when a sample had its surfaces machine brushed and was processed by 
ECAP at RT at a speed of 5 mm/s with a BP of 100 KN. These conditions were 
therefore implemented to study the effect of material behaviour on the bonding 
characteristics when two different materials were used. In this case, CP Al and an 
AA3103 Al alloy were engaged, since both materials are relatively soft compared 
Figure 4.63. EPMA analyses of the successfully bonded Al/Al sheet composite processed by BP-ECAP at 
RT and 1 pass. The EPMA mapping depicts the composition of O, Al, Si and Fe contents.  
Sample id : 705MB. 
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to other Al alloys. Also the AA3103 alloy has different strain hardening 
characteristics as compared to CP Al. The obtained results for this configuration 
are presented in the following. 
As-received material 
 The Al/AA3103 alloy sheet composite was made of two different 
materials, namely, CP Al and the alloy AA3103. The as-received CP Al is the same 
material used for the CP Al studies presented in in Section 4.1, e.g. Fig 4.2 
showing a representative OIM map.  
The corresponding OIM map of the as-received AA3103 alloy after 
homogenization is showed in Fig 4.64. The initial mean grain size was here ~80 
μm and the average microhardness value 34±4 HV. The microstructure consisted 
of equiaxed grains having a more or less homogeneous distribution. Also, the 
grains contained sub-structures with various misorientations. 
  
ECAP’ed Composite 
  Figure 4.65 shows the Al/3103 alloy composite specimen in the ND-TD 
and ED-ND planes respectively. It can be seen that the sample is well bonded after 
one pass and it is difficult to visually observe the bonding line between the two 
sheets. 
Figure 4.64. OIM map representing the microstructure of  the as-received AA3103 Al alloy. 
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 The distinct sheets observed at the right corner, represented by a black 
circle in Fig 4.65b, correspond to the area that has not finished the ECAP flow 
path. The other artifacts shown by black arrows are due to the friction conditions 
towards the die wall and they are only few hundreds of microns thick. For instance, 
these are removed when grounding using a 1200 SiC grit paper. 
Figure 4.65. Photograph of a successfully processed Al/AA3103 
sheet composite after 1 pass BP-ECAP at RT.  (a) cross-section; 
(b) side view. The encircled area is commented in the text below.
(b) 
(a) 
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 The microstructure after ECAP processing was studied employing EBSD 
mounted to an FEGSEM. Figure 4.66 shows a representative raw (unprocessed) 
OIM map along with interface details.  
 The two materials can easily be distinguished by the general 
microstructural features and grain size. It can be inferred from this figure that the 
mean grain size in CP Al decreased significantly, to a mean size of ~400 μm. 
However, there was only a slight decrease in the corresponding AA3103 region, 
i.e. to 56±12 μm. Interestingly, the interface region was constituted by a zone of 
very fine grains (see the black square in Fig 4.66). Since the step size is relatively 
large and the magnification is low for this actual image, high resolution (HR) OIM 
maps were made to resolve the interface details.  
 Figure 4.67 shows the corresponding raw map of the region marked with a 
black square in Fig 4.66. Similarly, Figure 4.68 is the high resolution map of the 
region marked in the red square in Fig 4.67.  From the latter two figures, it seems 
that the interface region had been highly strained during ECAP and hence it was 
Figure 4.66. OIM map representing the microstructure of a successfully 
processed Al/AA3103 composite by BP-ECAP at RT. Left part: Alloy 3103 and 
right part: CP Al. The square marking identifies the area subjected to higher 
magnification inspections. 
EDSD
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difficult to index patterns exactly at the interface. However, regions very close to 
the interface, i.e. within ~5 μm distance, were indexed fairly well and a fine grain 
structure containing sub-micron units could be observed. Also, another important 
result could be noted from the HR OIM maps. In fact, the grains were refined 
gradually when approaching towards the interface. In other words, grains were 
much more refined at short distances to the border between the two materials.  
Figure 4.67. High resolution OIM map representing the microstructure in the 
interface region of a successfully processed Al/AA3103 sheet composite, i.e. by 
BP-ECAP at RT. The investigated area represents the black square in Fig 4.66. 
Left: CP Al, Right : Alloy 3103. 
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 Furthermore, in order to analyze the grain size quantitatively, the average 
distance between the HAGBs was measured as a function of distance from the 
interface. Figure 4.69 shows the corresponding average distances, i.e. the mean 
grain size development in this region.  
Figure 4.68. Close-up OIM map of the microstructure at the interface marked out 
as a red square in Fig 4.67. Left: CP Al, Right : Alloy 3103. 
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 A close-up graph was made in addition to improve the readability at the 
small distances from the interface (Fig 4.70). The curve shows a contour indicating 
a parabolic dependence. Also, the symmetry of refinement on either side of the 
curve was quite similar. The grains were in fact refined to less than 1 μm on both 
sides of the interface up to a ~10 μm distance. Further, grains ~300 nm in size were 
present very close to the interface along the Al rich region. Actually, within a 
distance of 5 μm, the grains were as small as 300 nm on either side. However at 
about ~17 μm from the interface on the 3103 alloy side and ~20 μm on the CP Al 
side, the grain size approached the representative values of the adjacent bulk 
materials.   
Figure 4.69. Mean grain size of the Al/AA3103 sheet composite 
plotted as a function of distance from the interface. Left part: Alloy 
3103 and right part: CP Al. 
AA3103 CP Al 
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 Since the grains at the interface were not indexed properly, on either side 
closer than ~5 μm, SE microscopy was carried out to identify the physical width of 
the interface. Hence, Figure 4.71 shows an SEM micrograph of the interface 
viewed in the ED-ND plane. The width of this particular physical interface was 
~70 nm. The black dashed lines represent the location of the interface. 
Figure 4.70. Close-up of measurements within the black square in Fig 4.69 
representing the mean grain size of the Al/3103 composite plotted as a function of 
distance from the interface. Left part: Alloy 3103 and right part: CP Al.
CP Al AA3103 
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 TEM was also performed to investigate the grain size close to the interface. 
Figure 4.72 presents a micrograph showing small grains close to 200 nm in size 
and these grains had sharp boundaries. However, it is to be noted that although the 
existence of such small grains could be observed by TEM, the precise location of 
these grains with respect to the distance from the interface could not be truly 
identified owing to the experimental difficulties. 
ϯϭϬϯ
WƵƌĞů
ŽŶĚĞĚƌĞŐŝŽŶ
Figure 4.71. SEM micrographs showing the interface region in a 
successfully processed Al/3103 composite. (a) Low magnification, (b) 
high magnification. The dashed line in (a) indicates the physical 
interface.
(a) 
(b) 
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Mechanical properties 
Bending tests were considered appropriate when evaluating the properties 
of this sheet composite. This mode of deformation depicts useful information since 
both compressive and tensile stresses are involved across the thickness. 
Consequently, a three point bending test was performed in an MTS 810 testing 
machine using a rectangular specimen with dimensions 3 x 3 x 28 mm3. The span 
of the supporting rolls was 20.36 mm. It turned out that the interfaces were intact 
without failure until about 157° bending and simultaneously withstood a load of 
about 300 N. The flexural stress could then be calculated using the formula, 
                                       ߪ௙ ൌ ଷ௉௅ଶ௕ௗమ                                             (4.5) 
where, ߪ௙ is the flexural stress in MPa, P is the maximum load [N], L is the span of 
the support [mm], b is the width of the rectangular beam in [m] and d is the 
Figure 4.72. TEM micrograph showing very small grains close to the 
interface region in a successfully processed Al/3103 composite.  
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thickness of the beam [mm]. The flexural strength thus calculated corresponded to 
170 MPa. This result shows that the bonding at the interface was quite significant. 
 The sample was then examined in SEM after the bending test. A resulting 
micrograph is shown in Fig 4.73. It can be seen that the interface (red arrow in Fig 
4.73) was intact even after 157° bending. Due to the plastic deformation introduced 
by the test, some areas developed roughness contours (black arrows).  
Figure 4.73. Side-view SEM micrograph (SE image) of a successfully processed Al/3103 
composite sample subjected to three point bending showing physical interface (red arrow) 
and surface roughening (black arrows).
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Chapter 5: Discussion 
5.1 Introduction 
 Chapter 4 depicted the experimental results obtained during the present 
work aiming to develop a novel Al/Mg macrocomposite with relative high strength. 
In order to tailor the properties of such composites for high strength and ductility, it 
is necessary to understand the various parameters governing the structural 
evolution and which aid the strengthening mechanisms. Therefore the following 
discussion will analyse further the experiments and most important results. One 
also aims to clarify the various steps that led to the current Al/Mg macrocomposite.  
5.2 CP Al studies  
5.2.1 Grain alignment in the shear zone 
The investigations on CP Al represent a hierarchical study on the effect of 
ECAP temperature on the various microstructural aspects. The OIM maps shown in 
Figs 4.3–4.7 illustrate the microstructure evolution with respect to strain and 
temperature. Further, Figure 5.1 shows the orientation of grains with respect to the 
ED up to 6 passes at different processing temperatures. Since route Bc was used for 
processing, distinct alignment of the grains with respect to the ED was difficult 
after 8 passes for RT, 150°C and 250°C samples, as various colonies of grains were 
differently aligned owing to the activation of many successively activated shear 
planes combined with the presence of fine equiaxed grains. 
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Samples processed at RT showed almost constant orientation along the 
shear direction (45° to ED) even after 6 passes, but samples processed at 150°C 
were oriented along the shear direction up to 4 passes and aligned at ~23° for the 
subsequent passes. For the samples processed at 250°C and 350°C, the orientation 
of the grains was constant around 23° to the ED. It can be inferred that samples 
processed at RT undergo more severe strain along the shear direction than with the 
samples processed at high temperatures. Also, the orientation of ~23° is similar to 
the amount of deviation from the ideal shear direction due to the arc of curvature of 
the die i.e. 45°±20.6°. This deviation could be a result of the fan shaped 
deformation zone in a rounded die corner [36]. A deviation has also been reported 
by others with a rounded corner ECAP die having an arc of curvature [21, 263, 
264]. While such a deviation have been observed during RT ECAP [21], the 
deviation in the present case is present only at elevated temperatures, as the RT 
processed samples showed orientation of grains along the shear direction. The 
reasons for not observing such deviations in the present experiments could be 
directly attributed to the experimental conditions involved, such as pressure of the 
Figure 5.1. Orientation of grains with regard to the ECAP extrusion 
direction plotted as a function of number of passes for various processing 
temperatures.
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punch, friction between the sample and the walls of the die, type of processing, i.e. 
pressing a sample while the other samples is still in the channel. For instance, from 
the results of Mazurina et al. [265], the grains were oriented ~15°to the ED even 
though the ECAP die had no arc of curvature, while this was not observed by 
Chang et al. [266]. Therefore, it is difficult to generalize deformation of CP Al by 
ECAP and the experimental conditions determine the deformation of sample on a 
macro scale. However, it can be proposed that the deviation around the ED at 
elevated temperatures could be due to thermal effects of plasticity. Pure aluminium 
has a low melting point and hence the homologous temperature (T/Tm) is quite 
high even at RT (T/Tm~0.3). Therefore it is reasonable to assume that the high 
angle grain boundaries (HAGBs) are relatively mobile. Also, the material is softer 
at high temperature and yields at relatively low stress. As a sample is pressed 
through the channel at higher temperature, the highly mobile grain boundaries 
move dynamically and the grains assume the orientation of the latest deformation 
direction.  This can be supported by the fact that at 150°C, the grains are initially 
oriented along the shear direction, however, with increase in strain, the grain 
boundary energy increases and the mean grain size decreases, hence making the 
HAGBs more mobile, thus rotating towards the extrusion direction.  
5.2.2 Grain refinement studies 
Figure 4.8 shows the mean grain size as a function of increasing strain and 
temperature. It is clear that the mean grain size decreases with increasing number 
of passes at all the processing temperatures, i.e. RT to 350°C. However, the amount 
of grain refinement is different at different temperatures. The smallest mean grain 
size was obtained for samples processed at RT after 8 passes (~700 nm) and the 
largest for samples processed at 350°C (~120 μm). It can be seen (Fig 4.8) that 
while grain refinement at 250°C and 350°C had reached stagnation after 8 passes, 
samples processed at RT and 150°C may still refine after 8 passes. Since the 
present investigation was focussed on the mechanisms operating during processing 
of Al/Mg bi-metal, no further ECAP processing beyond 6 passes was carried out. 
All samples, except those processed at 350°C, showed a similar trend up to 4 
passes. Grain refinement was confined to the evolution of geometrically necessary 
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boundaries (GNBs) during intense straining. Several works on ECAP of pure Al at 
RT [8, 13, 92, 96, 101], showed that aluminium can be refined to 1 μm after 4 
passes and this was attributed to sub-grain evolution into high angle grain 
boundaries. Zhilyaev et al. [264] reported a detailed microstructure evolution of 
pure Al by repetitive ECAP and found that during initial passes up to 4 by route 
Bc, the grain structure evolved heterogeneously due to the formation of a high 
density of deformation bands. The bands subsequently undergo homogenization, 
fragmentation and rotation into fine HAGB grains. Cabbibo et al. [92], also showed 
that ECAP of pure Al at RT resulted in a reduction of both cell/sub-grain and grain 
size with increasing number of passes. Hence, the present observations are fully in 
correspondence to the previous works on RT processing. 
To better understand the present mean cell/sub-grain size evolution with 
increasing deformation temperature, EBSD data are plotted against accumulated 
ECAP strain for different temperatures (Fig 5.2).  
Firstly, the mean sub-grain size increased with increasing ECAP 
temperature. The thermal exposure allows for microstructure coarsening and 
increases the mean free path of dislocations. Also, dislocations become more 
mobile as other temperature dependent mechanisms such as climb, vacancy 
Figure 5.2. Mean cell/sub-grain size plotted as a function of ECAP 
accumulated strain.
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diffusion and cross slip are more prone to be activated. This results in a larger 
equilibrium distance of boundaries after recovery. For samples processed at RT and 
150°C, the cell/sub-grain size decreased with increasing number of passes. 
However, at high temperatures (250°C and 350°C), the cell/sub-grain size was 
reduced only in the first two passes and then declined more slowly. According to 
[18], the smallest grain size that can be obtained in pure Al depends on the 
refinement of the cells during consecutive passes. However, by reducing the mean 
free path of statistically stored dislocations (SSDs), it is possible to get even finer 
grains [6, 18]. Since recovery is a thermally dependent process, further reduction of 
the mean grain size with increasing strain is difficult at high temperature [19, 259, 
267, 268].  
Introduction of small amounts of impurities can also retard the annihilation 
and rearrangement of dislocations, thereby reducing the grain size. As explained in 
Chapter 4, a comparative study by Saravanan et al. [96] showed that it was possible 
to obtain a 600 nm grain size for 99.5% pure Al whereas high purity Al obtained a 
mean grain size of ~1 μm at RT. Also, Mazurina et al. [265] investigated the 
microstructure evolution of a 2219 Al-Cu alloy at 523 K by ECAP and reported 
microstructure evolution with a mean grain size of ~1 μm after 8 passes. However, 
the recovery in alloy 2219 during the initial passes was limited as compared to the 
present study on pure Al, owing to the effect of precipitates and dispersoids 
retarding or preventing any strain relaxation inside the grains.   
Similar studies were reported by Gao et al. [121, 269] on the 
microstructure evolution of spray cast aluminium alloys 7034 and 2024. It was 
found that in heat treatable Al alloys, where precipitation is the dominant 
strengthening mechanism, ECAP introduced a large number of dislocations inside 
grains and which later became potential sites for precipitate nucleation. While the 
strength of the as-received alloy was higher than ECAP processed material during 
the initial passes up to 473K, at higher temperatures, ECAP introduced an 
increased hardness. Here, the hardness in the as-received material was dominated 
by precipitation and dissolution mechanisms occurring at the operating 
temperatures, while a fine grain structure and high dislocation densities were 
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predominant for samples processed by ECAP. This in turn was due to retardation 
of recovery controlled by the presence of precipitates. 
It can be seen from the error bars in Fig 5.2 that initially large deviations in 
the size of sub-grains were present. However, upon further processing, the error 
bars diminished and the microstructure was more homogeneous containing 
equiaxed sub-grains. Hence the recovery kinetics seems to govern the grain 
structure evolution in Al during high temperature ECAP.  
It is also clear that quantitative grain refinement depends on the processing 
temperature. In other words, recovery and recrystallization phenomena determine 
the final grain size. Hence, grains can be refined significantly by controlling 
recovery and recrystallization processes. In the present case, recovery was the only 
thermally active and dominant mechanism retarding grain refinement. An 
introduction of small amounts of solute elements however, should retard any 
annihilation and rearrangement by preventing dislocation motions. Addition of 
non-soluble elements in pure Al would lead to retardation of recovery kinetics; 
however recrystallization might be activated and thus preventing a fine grain 
structure to develop. In order to obtain very fine grains, large amounts of small 
precipitates or particles would be needed, i.e. not pure Al anymore. 
5.2.3 Microstructure evolution 
From the literature study in Chapter 2 and the grain refinement studies 
explained above, it can be noted that the introduction of ECAP predominantly 
affects properties through the evolution of high densities of dislocations. In Chapter 
2, it was shown that there are two types of dislocations that can evolve, i.e. (1) 
geometrically necessary dislocations (GNDs) that give rise to geometrically 
necessary boundaries (GNBs) and (2) statistically stored dislocations (SSDs). 
Based on these two types, the entire microstructural evolution at all the given 
temperatures can be divided into two regimes (please refer to the curves in Figs 
4.8–4.9). In order to support this hypothesis, Figure 4.10 showing the estimated 
stored energy as function of increasing strain and temperature, should be 
considered.   
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The first regime, Regime I, comprises the initial parts of the curves in Figs 
4.8–4.10 where an abrupt change in various parameters is observed with respect to 
increasing strain. The stored energy plot (Fig 4.10) also shows that for the samples 
subjected to different processing temperatures up to 250°C, a significant increase is 
observed during the first 4 passes, i.e. constituting an order of a magnitude rise. 
This corresponds to the evolution of high densities of GNBs and that this evolution 
is an effect of a large initial mean grain size. These grains are unable to deform 
uniformly, leading to the evolution of inhomogeneties usually referred to as 
deformation bands (DBs) and microbands [143, 150, 270]. In other words, such 
inhomogeneties are formed as a result of inherent inability of the initially large 
grains to deform under severe strain. This can also be confirmed by the HAGB 
fractions shown in Fig 4.9. It is interesting to note that the HAGB fractions during 
the first two passes remained very similar at all processing temperatures. This 
means that the initial grain size has a large effect during the initial deformation 
stages [143, 270, 271]. It also indicates that most of the strain was accommodated 
by GNBs. Hence, behaviour at different temperatures corresponds to the density of 
the evolved GNBs evolved. The effect of temperature in this regime is limited to a 
qualitative effect and does not alter the general microstructure evolution. 
The second regime, Regime II, exhibits a slope change in the stored energy 
plot for all the deformation temperatures after 4 passes. This regime is dominated 
by subsequent dislocation accumulation and/or recovery. This can be explained by 
the differences observed in HAGB fractions and the estimated stored energy. For 
example, Figure 4.9 shows the evolution of HAGBs as function of accumulated 
ECAP strain. By comparing Figs 4.8–4.10 and 5.1, it can be deduced that although 
the evolution of GNBs can be assumed to develop continuously even after 4 passes, 
their dominance is not significant. If GNBs were as dominant as in Regime I, the 
HAGB fraction would continue to increase linearly after 4 passes. However, the 
drop in the HAGB fraction could mean that a high density of low angle grain 
boundaries (LAGBs) has been formed instead, which actually is supported by the 
results given in Fig 4.10. This comprises the formation of either SSDs or recovery 
facilitating the enhancement of LAGB fractions.   
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Samples processed at RT and 150°C showed an increase in stored energy 
while samples processed at 250°C and 350°C had almost constant values after 4 
passes. While SSDs probably increase their density at RT and 150°C, 250°C and 
350°C, samples attain a balance between dislocation accumulation (induced strain) 
and recovery.  Further, samples processed at 250°C contain the highest HAGB 
fraction. This could mean that samples processed at RT and 150°C undergo a 
predominant accumulation of SSDs and with relatively less recovery along with an 
increase in GNBs. In the samples processed at 250°C, the role of SSDs in the 
microstructure evolution might be less significant due to the on-going dynamic 
recovery being a consequence of an increase in the homologous temperature 
(T/Tm~0.6). Furthermore, samples processed at 350°C (T/Tm~0.7) contain the 
lowest HAGB fraction among all present ECAP conditions. At such a high 
processing temperature, grain boundary sliding (GBS) and grain boundary 
migration (GBM) are common mechanisms resulting in less grain refinement 
compared to low temperature processing [140, 259, 272-274].  
The above mentioned regimes at different processing temperatures are 
schematically illustrated in Fig 5.3. The two regimes are operating within different 
strain and processing temperatures. It is suggested that Regime I exists until 4 
passes at all processing temperatures. 
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The density of evolved GNBs depends on the physical accommodation of 
excessive strain to maintain contiguity [140, 150, 270, 275]. The most likely 
occurrence of GBS and GBM, reduces the strain imparted by ECAP, hence 
resulting in a low density of GNBs. In other words, Regime II is dominated by 
SSDs for samples processed at RT and 150°C, but recovery prevails in this regime 
during ECAP at 250°C and 350°C.  
5.2.4 Evolution mechanisms 
 The stored energy, the accumulated ECAP strain and the 
processing temperature together determine the microstructure evolution. As a 
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Figure 5.3. A schematic representation of the two regimes and related microstructure 
characteristics  observed in CP Al investigations subjected to ECAP at various strains 
and processing temperatures.
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general view, DBs are formed initially and then there is an onset of recovery after 
four passes for all processing temperatures used. The cells formed initially may 
either evolve continuously to sub-grains/grains after subsequent passes by 
dislocation accumulation, or they evolve into HAGBs due to the mutual interaction 
of inhomogeneties. However, to clearly summarize the microstructure evolution, 
each deformation temperature is dealt with separately and then compared in the 
following paragraphs. 
Firstly, RT ECAP processing is considered. During the first ECAP pass, a 
strain of ~1 is introduced in each pass resulting in the formation of DBs and other 
inhomogeneties such as microbands and incomplete HAGBs. The microstructure 
also contains cells and deformation inhomogeneties, hence reducing the free 
energy of the structure according to the LEDS theory [146, 148-150]. 
After 2 passes, a high density of inhomogeneties is formed. The DBs 
established in the first pass simultaneously reduce their thickness. Now, the DBs 
occur frequently and they are part of the further evolving microstructure. It is to be 
noted that route Bc is involved and every time the sample is rotated by 90°, new 
shear planes are activated and hence new DBs are evolving. As a result, the 
microstructure observed after two passes, see Fig 4.4a, is complex and sub-grains 
orient at another angle relative to the ED. Sub-grains are formed as a result of 
intersecting DBs but also other inhomogeneties, as shown in Fig 5.4. 
 Figure 5.4 schematically explains the formation of a new small sub-
grain/grain by the intersection of two inhomogeneties at different shear planes. It 
can be seen that two different bands formed in different shear planes with 
increasing passes, undergo mutual interaction by intersecting each other and hence 
resulting in a fine grain within the intersecting boundaries. 
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As the deformation progresses to 4 passes, the evolution becomes even 
more complex and involves various mechanisms occurring simultaneously.  First, 
new DBs are formed and DBs formed in the previous pass are thinned. Also, the 
latter interact with the newly formed DBs. DBs that have reached the thickness of a 
cell or two, pinch off to form fragments of grains. This leads to the formation of a 
fraction of fine grains even after 4 passes.  With subsequent passes up to 6, the 
evolution of DBs and other GNBs decreases and formation of SSDs dominate. The 
initially large grains have now broken down to smaller segments by the intersecting 
DBs, hence forming smaller grains.  However, recovery also occurs resulting in the 
formation of sub-grains, reducing the ability of further noticeable refinement. 
 After 8 passes, no new DBs are formed. This is possibly due to the 
significant break-down of a high fraction of grains into smaller segments. Hence 
any further strain accommodation may rely on the formation of SSDs. Also 
dynamic recovery increases with increasing grain boundary energy as grains 
become finer.  
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Figure 5.4. HAGBs formed at the intersection of two subsequently formed bands in two 
different shear planes, creating a small grain due to significant lattice rotation. Blue lines 
represent the grain boundaries of the initial grains and the red lines represent the 
HAGBs of the newly formed grain.
163 
For samples processed at 350°C, the evolution of GNBs is retarded during 
the initial passes, as the excessive strain is accommodated by high temperature 
processes such as GBS, GBM and other stress relaxation mechanisms [140, 272, 
274]. Hence the density of DBs and other inhomogeneties are low. Secondly, the 
number of active slip systems within each grain increases as a result of thermal 
activation, resulting in relatively more homogeneous accommodation of strain as 
compared to the lower deformation temperatures. This also reduces the density of 
GNBs. Thirdly, the high homologous temperature promotes recovery resulting in 
formation of clear sub-grains even after 1 pass. This is in contrast to RT 
deformation where initial cells subsequently form sub-grains and grains. However, 
there is some refinement of the grains at 350°C, solely due to the formation of DBs 
inside large initial grains. This leads to the evolution of a moderate grain 
refinement. Hence, the grain size obtained even after 8 passes is relatively coarse 
and exhibits a non-equiaxed structure. However, it would be interesting to 
investigate the microstructure evolution of CP Al at high temperature separately 
with an initial fine grain structure as the heterogeneity of strain accommodation 
inherent to large grain deformation would be absent.  
The microstructure evolution at different strains and temperatures is 
somewhat complex and a schematic summary of the microstructure evolution for 
different temperatures and strains is therefore shown below (Fig 5.5). This figure 
depicts the density, or the relative amount (qualitatively), of different entities 
(GNBs, SSDs, cells and sub-grains). Solid lines indicate that there was a significant 
evolution of given entities, while dotted lines represent less density or a weak 
presence.  
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For samples processed at the intermediate temperatures, i.e. 150°C and 
250°C, the evolution mechanisms were intermediate to what prevailed at RT and 
350°C (refer Fig 5.5). Samples at 250°C underwent a similar microstructural 
evolution as at RT during the first two passes, i.e. the grains were split into smaller 
segments and they further developed into fine grains. However, the density of DBs 
was less at 250°C than at room temperature due to recovery. Another feature 
during the first four passes at 250°C was that the history of deformation was lost, 
i.e. the evidence of previously formed DBs and other microstructural entities were 
replaced after each pass. However, after 6 passes, interactions between the 
previously formed and the new DBs could be observed. This was probably due to 
the fact that deformation bands became close to the size of a cell and hence any 
further deformation would lead to a collapse of the structure into colonies of fine 
grains. Hence, fine grains start to appear after 6 passes at 250°C. Also, due to 
GNBs
SSDs
Cells
Sub-grains
Figure 5.5. A schematic map depicting different entities in the microstructure evolution 
as function of strain and temperature. The solid lines indicate significant evolution of 
the entity and dotted lines indicate the weak presence.
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recovery more uniform sub-grains appear. Further, the intensity of recovery 
increased with increasing temperature and hence, deformation at 250°C showed 
more uniform sub-grains as compared to 150°C. After 8 passes, as in RT samples, 
no new DBs were formed at intermediate temperatures and only further interaction 
of already formed DBs took place producing fine equiaxed grains along with an 
increased tendency of recovery. For samples processed at 150°C, the evolution of 
DBs and inhomogeneties was similar to RT, but was not equivalent. In other 
words, the evolution at 150°C was qualitatively the same as that of RT samples, 
but there were quantitative differences. Also, after 6 passes, the amount of 
accumulation of SSDs is less since recovery at 150°C is more pronounced than at 
RT. After 8 passes, the grains were refined in a similar manner as that of RT but 
had a larger size close to ~1.8 μm. 
In an effort to document recovery inside grains, Figure 5.6 exhibits the 
point-to-origin misorientation along the length direction of grains for samples 
processed to 1 pass at different temperatures.  
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It can be seen that while samples processed at RT and 150°C have an 
increasing misorientation along the direction of grains, deformation at 250°C and 
350°C introduces recovered regions represented by drops in misorientation (see 
circles in Fig 5.6).  
Figure 5.6. Point-to-origin misorientation plotted as a function of distance after 1 pass ECAP at different 
processing temperatures.  (a) RT, (b) 150°C (c) 250°C, (d) 350°C . Black circles represent fully recovered 
regions. 
(a) 
(b) 
(c) (d) 
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Further, Figure 5.7 shows the corresponding point-to-origin misorientation 
after 6 passes at different temperatures. It can be seen that deformation at RT leads 
to a continuous evolution by dislocation accumulation, while deformation at the 
other temperatures shows simultaneous recovery. Interestingly, samples processed 
at 150°C have some regions with increasing misorientation. This clearly illustrates 
the effect of temperature on the onset of recovery. While, the samples processed at 
RT are evolving continuously by the accumulation of SSDs and increase their 
misorientation rotation of boundaries into HAGBs, the onset of recovery sets up for 
150°C after 6 passes. Furthermore, 250°C and 350°C samples are completely 
recovered after 6 passes and the onset of recovery starts locally in some grains even 
at 1 pass (see Fig 5.6). 
Figure 5.7. Point-to-origin misorientation plotted as a function of distance after 6 passes ECAP at 
different processing temperatures.  (a) RT, (b) 150°C (c) 250°C, (d) 350°C . 
(c) 
(b) 
(a) 
(d) 
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Figure 5.8 shows similar plots, but for RT samples and 8 passes. It can be 
seen that the local line-scan for the RT sample evolves continuously even after 8 
passes. It is important that the validity of the present observation is to be made 
statistically. The average grain size obtained after 8 passes at RT is 700 nm. 
However, the present scan represents a large grain around 1.7 μm, twice as big as 
the mean grain size. Hence it is reasonable to assume that this particular grain has 
recovered. However, the observations show otherwise. Also, misorientation plots 
in other regions (refer appendix B) reveal a similar increase in misorientation. 
Thus, Figure 5.8 represents a typical behaviour of grains in CP Al after 8 passes. It 
is to be noted that some grains show almost no change in the misorientation 
gradient (see appendix B), meaning that recovery does in fact occur in some of the 
regions.  
5.2.5 Comparison with existing literature 
A comparison of the present grain refinement observations with respect to 
literature has already been treated in Section 5.2.2. However, some additional 
comments could be made. The sub-grain size evolution with increasing 
temperature reported by Wang et al. [260], involved smaller sizes than that 
observed in the present study. This could be attributed to the present chemical 
Figure 5.8. Point-to-origin misorientation plotted as a function of 
distance after 8 passes ECAP at RT.
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composition and the initial coarse grain size. While, CP Al in the work of Wang et 
al. had a composition of ~99.6% purity, the present CP Al was ~99.9% pure. Also 
the initial grain size reported (~330 μm) was a magnitude smaller than in the 
present study (~1.2 mm). Skrotzki et al. [102] reported the occurrence of 
discontinuous dynamic recrystallization (DDRX) in 99.999% pure Al deformed by 
ECAP at RT. A similar DDRX mechanism was observed in the same Al material 
deformed by torsion at cryogenic temperature [276]. The presence of impurities in 
pure Al change the deformation mode by hindering the motion of dislocations 
resulting in a smaller cell size and which further develop into small grains [6]. 
Interestingly, at 523 K, after a strain of ~8, the current work shows a similar sub-
grain size as reported by Wang et al. [260]. 
 The final grain size obtained also depends on the processing route [20]. 
The rotation of samples between each pass (route Bc) changes the planes 
undergoing simple shear at the die intersection. This change in the deformation 
mode would result in a different mean grain size after SPD due to changes in the 
operating mechanisms. Thus, for different ECAP processing routes [13], and 
similarly for HPT (cyclic HPT and monotonic HPT) [277], a different mean grain 
size can be obtained after the same amount of accumulated strain. However, the 
present microstructure evolution is based on route Bc which is believed to be the 
most efficient ECAP processing route for significant grain refinement in metals [6, 
13]. 
Although it is interesting to compare the ECAP microstructure evolution of 
CP Al at elevated temperatures with literature observations, no detailed reports 
have been reported so far. The evolution of grains reported by Mazurina et al. [265] 
in a 2219 Al alloy can be compared to the present study and to the grain refinement 
mechanisms discussed above. The general microstructure evolution is not 
significantly different for the two materials. However, there are certain 
discrepancies. For instance, the HAGB fraction obtained with increasing strain is 
relatively higher for the Al alloy than for the present CP Al. This is probably due to 
additional dislocation pinning at precipitates in the 2219 alloy. A similarity can 
also be seen regarding an Al-Mg-Sc alloy deformed at 450°C [160]. The latter 
evolution involved initial formation of DBs which upon further strain underwent 
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mutual crossing of bands to finally develop fragments of small grains. However, 
quantitatively, the occurrence of the various mechanisms is differing, owing to the 
effect of different compositions and therefore the involved precipitates in case of 
the 2219 and the Al-Mg-Sc alloys.   
To summarize the present microstructure evolution, it can be concluded 
that deformation at RT initially results in a very high density of GNBs, DBs and 
other inhomogeneties along the shear direction, i.e. due to heterogeneous strain 
accommodation for initially large grains up to 4 passes (see Figs 4.3–4.5). Upon 
further ECAP passes, these microstructure entities undergo severe deformation up 
to 8 passes and evolve continuously by rotation of boundaries aided by dislocation 
accumulation into HAGBs, thus forming fine grains (Figs 5.6–5.8). Some recovery 
may still occur. 
Deformation at 150°C during the initial 4 passes results in the evolution of 
DBs and inhomogeneties (see Figs 4.3–4.5, 5.3). After 4 passes, the microstructure 
is dominated by the evolution of SSDs up to 6 passes, and recovery sets up after 6 
passes (refer Figs 5.4 and 5.6). The grains are initially refined by the formation of 
GNBs up to 4 passes, then dominated by accumulation of SSDs up to 6 passes and 
finally refined by the mutually interacting (i.e. intersecting) GNBs formed on 
different shear planes as the specimen is rotated between passes. This refinement 
comes along with a reduction of excess energy (Fig 4.10).  
Samples processed at 250°C undergo grain refinement by a predominant 
evolution of GNBs up to 4 passes (see Figs 4.3–4.5), although the onset of local 
recovery occurs even after just 1 pass (Fig 5.6). With increasing strain, the 
microstructure undergoes recovery and finally refine by the interacting GNBs 
similar to the situation seen at 150°C.   
Deformation at 350°C results in severe recovery and therefore the 
refinement is limited (Figs 4.3–4.9). However, grain refinement is carried out by 
the formation of GNBs during all passes and the microstructure is even 
inhomogeneous after 8 passes.  
171 
5.2.6 Microhardness 
The microhardness values obtained at the present processing temperatures 
(see Fig 4.11) correspond to the microstructure evolution just explained. There is a 
significant increase in hardness during the first two passes (exception: 350°C), due 
to a significant increase in the density of GNBs. With further increase in strain, the 
hardness change is limited due to a small increase in the number and density of 
GNBs. After four passes, SSDs dominate the evolution, leading to more or less 
constant values. For samples processed at 250°C, there is a hardness drop after 6 
passes. This can be attributed to increased recovery combined with a negligible 
evolution of new DBs as mentioned above. However for 350°C, the hardness 
remains constant during the first two passes, and the evolution of GNBs becomes 
significant only after 4 passes, i.e. reflected by a small hardness increase. With 
further passes, recovery of the already formed DBs occurs resulting in a lower 
hardness, see Fig 4.11. 
5.2.7 Crystallographic texture 
 The evolution of crystallographic texture in CP Al with increasing strain 
and temperature are represented by their respective (111) pole figures and ODFs in 
Euler angles in Figs 4.13–4.22. In addition, Table 4.1 described the three highest 
intensities for the various passes and corresponding processing temperatures. 
Deformation at RT 
 It can be inferred that samples deformed at RT show a similar texture 
evolution as explained by other researchers [31, 54, 55, 218]. The first pass texture 
shows strong A1ș along with weak Cș and Bș components. A weak texture 
distribution of other orientations can also be seen in the first pass (arbitrary texture 
intensity <2). This could be an effect of the relative initial coarse grain size. The 
initial large randomly oriented grains tend to rotate towards stable ECAP 
orientations, i.e. see the slight displacement of the –Bș components from ideal 
positions (see Fig 4.18).  
After 2 passes, stronger and typical ECAP components are developed due 
to the increasing strain. The -Bș components developed in the first pass now rotate 
172 
and move towards the stable ECAP orientation. Further, Cș components are non-
uniform but develop strongly after 2 passes. This can possibly be due to the effect 
of the processing route, which is route Bc in the present case. The Aș components 
were absent in the first pass, but show up in the second pass. However, the A*2ș
components do not increase in intensity as much as other intensities.  
With increasing strain up to 4, the textures become sharper and the 
previous texture established during pass 1 and 2 evolve and the grains seem to 
orient towards the more stable ECAP textures. The initially strong Bș and Cș
components are displaced from the ideal positions along the ĭ direction. This 
could be an effect of the fan shaped deformation zone, i.e. due to the presence of an 
arc of curvature [36, 40, 54] .  
After 6 passes, orientations that were strong and non-uniform in the 
previous passes become more fibrous and CDRX occurs more predominantly. In 
this process, sub-grains and cells evolve into grains having gradual increasing 
misorientations and rotate towards the nearest stable ECAP orientation. The fibres 
were very similar to those reported by Li et al. [31]. It can be seen from Fig 4.18 
that the f1 fibre consisting of only A*1ș - Aș - A2ș is similar to that observed in pure 
Al during deformation at RT [54]. Similarly, the f2 fibre that includes the Cș - Bș - 
Aș components concentrated around C orientations along <110>ș when deformed 
at RT, is also complete in the present case (Fig 4.18). Also, the f3 fibre shows a 
similar trend. However after 8 passes, the A, B and C components decrease their 
intensities and the ODF reveals a random texture with weak A, B and C 
components. This is in agreement to the observation of El-Danaf during ECAP of 
commercially purity aluminium at RT [55]. The weakening of texture could 
possibly be due to onset of recovery combined with establishment of more fine 
grains, i.e. resulting in crystallographic randomization.  
In a nutshell, the texture evolution complements the microstructure 
evolution explained above. Initially large grains resist deforming homogeneously, 
hence forming DBs and causing changes in crystallographic orientations. With 
increasing strain, more stable ECAP textures are formed. The textures are initially 
sharp and non-uniform but on further increasing strain up to 6, they become more 
fibrous as more grains tend to adapt A/B type fibres along with C type orientations, 
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which are equivalent to the shear type textures observed during torsion [278]. After 
8 passes, the grains become fine and equiaxed as a result of boundary rotation into 
HAGBs, i.e. no significant texture [55, 279]. 
Deformation at 150°C 
 ODF plots obtained for samples processed at 150°C are shown in Fig 4.19 
and the three highest intensity textures are shown in Table 4.1. In general, the ODF 
plots show less strong and sharp textures as obtained at RT. While B and A 
components are the strongest, the C component is weaker as compared to RT 
samples. Also, during the initial passes the textures are not in ideal positions and on 
further processing, become more stable ECAP shear orientations [31, 36, 264]. 
This can be attributed to the deformation through the fan shaped deformation zone 
due to the arc of curvature [36], as explained for deformation at RT. 
During the first pass, a (111) fibre along ND can be observed along with 
the evolving ECAP shear texture components (see Fig 4.19). By increasing ECAP 
deformation, the texture weakens. Hence, this could again be an effect of the initial 
coarse grain structure. Similar to the RT samples, initially strong B textures are 
obtained and with increasing strain, A components start developing.  Also, the 
shear textures are not developed completely. However the f1 fibre is complete and 
contains A components, but f2 and f3 fibres are only partially stabilized having a 
small contribution from the C component. This is possibly due to the elevated 
temperature stimulating thermal activation of dislocations. The reduction of the C 
component at elevated temperature could be an effect of temperature on 
deformation mechanisms itself. Engler et al. [280] showed that in an Al-1.8% Cu 
alloy having a dominant {112}<111> orientation, regions adjacent to shear bands 
rotated towards {001}<110> orientations (equivalent to the C orientations in ECAP 
[31]) and the rotation was highest at the matrix-shear band interface. They 
attributed this observation to the high energy of the shear band boundaries having 
high dislocation densities. Similarly, a low intensity C component observed during 
high temperature ECAP in the present case could probably be due to an absence of  
high energy boundaries, as observed during RT ECAP of Cu and Al [6] exhibiting 
shear bands, non-equilibrium boundaries etc. The present CP Al deformed at 
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150°C does not tend to rotate towards random orientations as was observed for the 
counterpart RT samples [55]. Instead, the textures depict more ideal ECAP 
orientations after 8 passes.  
Deformation at 250°C 
The texture evolution at 250°C shown in Fig 4.20 exhibits a similar 
evolution as that of 150°C ECAP. However, the intensity of the individual 
components is now stronger than at 150°C. Also, the textures are rotated towards 
even more stable orientations. As explained for deformation at 150°C, a low degree 
of deformation might lead to a weak C component. Both 150°C and 250°C samples 
show qualitatively equivalent textures with the exception of the C component.  
Deformation at 350°C 
 At 350°C (see Fig 4.21), ODF plots show a similar texture evolution as 
explained for 150°C and 250°C up to 4 passes. However, upon increasing strain to 
6 passes, a strong cube texture oriented along the shear direction is observed. This 
is a noticeable observation and indicates that processing at 350°C initiates 
recrystallization.  This means that the constant misorientation of grains and sub-
grains observed in Figs 5.6–5.7 is not a result of recovery, but rather more 
extensive recrystallization. Here, recrystallized cube grains form at the expense of 
remaining unstable orientations [140].  Furthermore, with an increase up to 8 
passes, the intensity of the cube texture decreases and the ECAP textures reappear 
as the most dominant.  
Since a semi-continuous processing has been utilized (see Chapter 3), there 
exists a hold time between passes where the sample is experiencing a high 
temperature without being strained while the other sample is being pressed. Most 
probably, recrystallization takes place during this hold. As 350°C represents a quite 
high processing temperature (T/Tm~0.7), static recrystallization can occur. If the 
material were to recrystallize dynamically, the cube orientation along the shear 
direction should have increased in intensity. However, the textures presented in Fig 
4.21 do not exhibit increasing cube intensity. Hence, samples processed at 350°C 
up to 6 passes most probably undergo static recrystallization. Further, since static 
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recrystallization is temperature and time dependent, the amount of recrystallized 
grains vary for each pass and could possibly be the reason for less strong textures 
observed after 8 passes. 
 A summary of the texture evolution with increasing strain and temperature 
is shown in Fig 5.9.  It can be concluded that samples semi-continuously processed 
at 350°C undergo static recrystallization after 6 passes. Secondly, RT processing of 
CP Al undergoes rotation of boundaries into HAGBs resulting in the formation of 
new grains and hence the texture evolution tends toward random orientations [55]. 
Samples deformed at 150°C and 250°C undergo recovery and retain the ECAP 
shear textures. It can also be mentioned that during the evolution of DBs, and 
hereby the initial formation of GNBs, the texture components alternate between the 
A and B type orientations. This is probably due to the alignment of volume 
elements into the nearest possible slip system within grains. For CP Al (FCC 
structure), this introduces an evolution of A components and the {111} planes of 
the material align to the apparent ECAP shear plane. On the other hand, the 
presence of the <110> direction close to the shear direction would lead to the 
evolution of the B component [281]. A similar development has been observed by 
Zhilyaev et al. [264] during the ECAP of pure aluminium at RT up to 12 passes at 
RT. However, B type orientations can mostly be associated with the evolution of 
GNBs due to their twin-symmetric orientations that can occur in Al during the 
evolution of alternate DBs when processed by ECAP [282]. 
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In addition, with increasing temperature, the evolution of strong A/B 
orientations can be related to dynamic recovery as observed in hot torsion 
experiments [278, 281] at intermediate temperatures and high strains, while with a 
high temperature (350°C), the intensity of both the A and B type textures drops 
[281] as in the present study. Also, the A/B type components evolve into more 
fibre textures as compared to the individual asymmetric components observed in 
the initial passes. Thus, the development of the A/B type fibres corresponds to an 
evolution of fine grains, strain homogenization and recovery. On the other hand, 
deformation inhomogeneity has a greater influence on the evolution of the C 
component and therefore this is weakened at higher temperatures. There is also an 
effect of strain inhomogeneity at low temperature [280] coupled with the evolution 
of non-self-symmetric textures due to intrinsic geometric considerations in Al 
[278]. 
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Figure 5.9. A schematic illustration of the texture evolution with respect to strain and 
temperature.
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5.3 Al/Mg bi-metal studies 
5.3.1 Al/AZ31 bi-metal (rod type structure) 
 General overview 
 The microstructure evolution in CP Al showed that a homogeneous 
structure having a grain size of around ~5 μm can be obtained after 6 passes at 
250°C. The grain structure can also be somewhat even at 350°C. This is important 
knowledge to bring into the study on Al/Mg bi-metal where the necessary 
processing temperature for good bonding is about 250°C. 
As has been explained in Chapter 2, the processing of Mg based materials 
by ECAP is challenging and normally requires pre-processing in order to avoid 
cracks and to obtain grain refinement. However, the present investigations on the 
rod structure were focussing on the bi-metal interface and hence pre-processing 
was not carried out. The results on Al/AZ31 bi-metal deformed at 250°C (Fig 
4.24), showed that the AZ31 rods cracked during ECAP at 250°C even after 1 pass. 
The temperature 250°C was also chosen in correspondence to various results 
published on ECAP of this alloy. While some works [199, 283, 284] reported crack 
free samples at 200°C, Agnew et al. [285] found that there was severe cracking 
when AZ31 was processed by ECAP at 200°C, but they obtained successful 
fabrication at 300°C. Hence, a temperature of 250°C was firstly chosen as this 
seemed to be a compromise. However, cracking still occurred at 250°C and it was 
decided to increase the pressing temperature to 350°C. The cracking behaviour of 
AZ31 has been analysed in the literature, e.g., by Kang et al. [286]. They found 
that fracture was controlled by flow localization and they developed processing 
windows for strain rate vs. temperature. Their analysis included a quantity called 
’flow localization’, denoted Į, which is defined as the ratio of flow hardening or 
flow softening rate (Ȗ’) to the strain rate sensitivity of the material (m):  
                                             ߙ ൌ െ ఊƍ௠                                            (5.1) 
They showed that flow localization and cracking occurred, when Į > 0. 
Hence, it can be interpreted that even at low temperatures; a crack free surface can 
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be fabricated by varying the strain rate, or in practical terms, the pressing speed of 
the ECAP process. Although the above explanation is believed to be plausible, no 
present systematic experiments were conducted to reveal such flow localization 
analysis. One of the reasons is that the presence of Al changes the flow behaviour 
of the AZ31 alloy during ECAP. Anyway, samples were ECAP’ed at 350°C and no 
extensive cracking occurred (see Fig 4.25). Further processing of the bi-metal was 
carried out up to only 6 passes as CP Al showed recrystallization behaviour after 6 
passes.  
Interface studies 
The interface studies were conducted in the cross section of samples and 
not in the ED-ND plane as for the CP Al studies. This was due to the fact that the 
Al/AZ31 rod type bi-metal investigations were focussing on the interface 
characteristics rather than the microstructure evolution itself. As a consequence, the 
microstructure evolution was also investigated in the cross-section area. The strain 
at the interface was higher than strain induced in the ED-ND plane due to the 
circular geometry of the AZ31 rod, i.e. see further below. Figure 4.26 and the 
EPMA maps in Figs 4.27–4.28 clearly show two distinct transition regions at the 
interface and they were identified by quantitative EDS and EPMA. IF1, the first 
region, close to the AZ31 alloy was identified as an Mg17Al12 intermetallic phase 
(region close to the Mg in yellow colour of the Mg mapping). The second region 
(IF2) was identified as Al3Mg2, in green in the Mg mapping in Fig 4.28b, and lies 
close the CP Al region. These observations are consistent with those made by 
Dietrich et al. [287].   
The mean grain size is plotted against the number of passes in Fig 4.29. 
This trend shows that the mean grain size of AZ31 is not significantly reduced even 
after six passes. The lack of a substantial refinement can be attributed to two 
phenomena apart from the fact that grain refinement in Mg (hexagonal close 
packed) alloys is less prone to occur than in face centred cubic materials and body 
centred cubic materials [223]. First, the high processing temperature may play a 
vital role in grain refinement [82].  Second, and the more significant, is the effect 
of the interfacial shear stress (ISS) on grain refinement. During ECAP, volume 
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elements undergo shear at the intersecting die channels. However, in this case, the 
presence of an interface between the two metals introduces another stress 
component which is tangential to the cross-section of the interface, e.g. owing to 
the circular cross section of the interface combined with friction between the 
materials. This shear stress has its maximum at the edges and minimum at the 
centre of the AZ31 core. However with the increase in ECAP passes, the ISS 
increases resulting in a slight grain refinement. Comparing the error bars in Fig 
4.29 and the OIM maps in Fig 4.30, it can be inferred that there exists a bimodal 
size distribution of grains during the initial passes. This is probably due to the onset 
of dynamic recrystallization (DRX) in AZ31. With increasing number of passes, 
the recrystallized grains increase in fraction thus increasing homogeneity. This is 
consistent with the belief that DRX contributes to grain refinement at the AZ31 
core [82].  
Diffusion is caused by a combined effect of deformation and high 
temperature. The bonding thus obtained, depends on interdiffusion and void 
closure mechanisms [288] . Mg diffuses faster in Al than vice versa and hence the 
diffusion kinetics depends on Mg interdiffusion into Al. Assuming an activation 
energy (Qc) of 130 KJmol-1  for diffusion of Mg in coarse grained Al [289], D0 = 
1.24 x 10-4 m2s-1  [289] , T= 623K  and using R = gas constant, one can calculate 
the diffusivity D from: 
                                       ܦ ൌ ܦ௢Ǥ ݁ିቀ
ೂ
ೃ೅ቁ                                                   (5.2) 
The thickness of the interface (x) is then calculated from the formula, x= 
2¥Dtd, where td is the time for diffusion. It is here reasonable to assume the entire 
ECAP process as the maximum time for diffusion (td). For one pass ECAP, td § 50 
s, which yields a value of x = 0.48 μm. However, this is a magnitude lower than the 
observed value ~5 μm (IF1+IF2). Back calculations show that the activation 
energy is 108 KJmol-1, which is much less than Qc , but close to the activation 
energy for diffusion of Mg in fine grained Al (98 KJmol-1) [171], even though the 
grains are quite large (Fig 4.29). This means that interface (IF1+IF2) is severely 
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deformed due to a combination of ECAP shear and ISS, thus having a lower Q 
value than expected. This  is consistent with the fact that enhanced diffusion occurs 
in severely deformed materials and is contributed by extensive dislocation glide 
and the characteristic ultrafast transport channels [224]. 
Microhardness evolution 
The microhardness profile after various passes, plotted as a function of 
distance from the centre, is shown in Fig 4.32. The microhardness increases with 
increasing number of passes. The increase after each pass is due to the increasing 
incremental strain imparted into the material during processing. An important 
feature that can be observed is the dip in the hardness profile at the centre of the 
AZ31 core. This is due to the effect of ISS. The strain that is imposed on the 
material is not efficiently transferred to the centre of the AZ31 core because ISS 
has a maximum at the edges and a minimum at the centre. As can be seen from the 
profiles, the width of this dip-zone decreases with increasing number of passes. 
This is probably due to an increase in ISS with increasing passes. Furthermore, 
Figure 4.28d shows some microcracks at the interface. These are believed to be 
formed due to the effect of ISS on the brittle nature of present intermetallics. The 
microcracks seem to propagate towards the softer CP Al region and hence may 
increase the total ductility and toughness of the bi-metal, e.g. due to mechanical 
interlocking and pinning of the crack front by ductile Al [225]. 
Microstructure evolution 
 Figure 4.30 shows the inverse pole figure maps (IPF) of the Al region close 
to the interface. Here, the Mg/Al interface is emphasized by red arrows. 
Interestingly, a significant grain size reduction to 30 μm after six passes in CP Al is 
observed. Figures 4.30b and 4.30c reveal a change in the colour contrast within a 
grain. Also, the average misorientation of the microstructure has been plotted as a 
function of number of passes (Fig 4.29) and there is a clear increase with 
increasing strain. However, the increase after four passes is reduced and remains 
almost constant, thus indicating onset of recovery. Recent reports show that sub-
grain rotation by incremental strain can result in grain refinement by continuous 
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dynamic recrystallization (CDRX) at high temperatures [160, 290, 291]. In fact, the 
presence of incomplete high angle grain boundaries (HAGB) (black arrows in Fig 
4.30) and the progressive misorientation within the grain shown by the change in 
colour contrast, indicate that the material has undergone grain refinement by 
CDRX [292].   
Tension test and fracture studies 
 The tension test results show that the yield strength (YS) of the CP 
Al/AZ31 bi-metal rod type structure depends on the weaker material, in this case 
CP Al. However, the YS and UTS have both increased as compared to CP Al 
[293]. Also, the ductility of the bi-metal is ~15% which means that the ductility has 
increased relative to the as-cast AZ31. The EDS line scan performed in the 
delaminated region shows the presence of Mg on a localized scale (Fig 4.35). 
Fractography investigations confirm that the bi-metal remained completely bonded 
until fracture, even though there were localized pull-out regions. 
 Figure 4.34 shows three different regions on the uniaxial tension fracture 
surface. The region between the yellow and the green line corresponds to localized 
fracture of AZ31 at the interface due to stress concentration on the well bonded 
regions. Hence, broken AZ31 particles were found sticking to the CP Al surface in 
this region.  Some of these brittle constituents lead to crack propagation and final 
fracture of the AZ31 alloy itself upon further tension. Also, any un-bonded or 
weakly bonded regions result in delamination of the interface. The presence of 
brittle intermetallics may also lead to fracture of the interface, hence resulting in 
further delamination. This transforms to the formation of the second region (area 
between the green and the white line in Fig 4.34). On further deformation by 
tension, CP Al undergoes ductile fracture as depicted in the white region, e.g. due 
to necking and void coalescence. Additionally, Figure 4.35 shows that even the 
delamination region (or the second region), contains Mg rich areas on the surface 
of CP Al. This means that even though delamination has occurred at the AZ31/CP 
Al surface, some Mg still remains bonded to CP Al. Alternately, some intermetallic 
particles may also remain stuck to the surface. Either way, this confirms the 
reasonable good bonding between CP Al and the AZ31 rod after ECAP. 
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The presence of intermetallics at the interface increase ductility of the 
AZ31 alloy by encasing CP Al around the AZ31 rod. Simultaneously, the yield 
strength of CP Al increases significantly having the reinforcing AZ31 rod at the 
core. However, the bi-metal combination did not as such behave uniquely as a 
single composite material, instead both CP Al and AZ31 behaved relatively 
independently during the deformation, except for the role of the interface regions. 
The SEM fractograph shown in Fig 4.34 explains the role of the interface on the 
mechanical properties. The contrast from the lines indicating yielding of CP Al in 
delaminated region two (II) along with the evidence of Mg in this region (Fig 
4.35),  show that the yield strength of CP Al was increased due to the resistance 
offered by the intermetallic Al3Mg2 (IF2) region. Stress introduced during the 
tension test seems to be transferred to the strong and brittle IF2 that is well bonded 
to CP Al. Hence, an additional stress is required for yielding CP Al than that would 
be required otherwise. With increasing stress, cracks formed are propagating 
towards the CP Al region. The latter has sufficient ductility to accommodate the 
crack, i.e. extending the ductility.  
The microcracks seen in Fig 4.28 are evidence of crack propagation 
towards the CP Al region along the circumference of the interface. This is because, 
IF1 is stronger than IF2 and hence cracks are more prone to form in the IF2 region. 
Accordingly, this results in an increased ductility. However, further increase in 
stress level leads to cracks in the IF1 region and which result in breaking-off the 
interface bonding. If the bonding is strong, this may lead to the crack propagation 
in AZ31 resulting in brittle fracture of the latter and in turn causing total failure of 
the bi-metal. 
 In summary, a strongly bonded interface in Al/AZ31 bi-metal has been 
successfully fabricated by ECAP. Deformation at 250°C was not sufficient to 
produce sound bonding and hence samples had to be processed at 350°C.  The 
strain during the first pass was utilised to establish bonding between the two 
materials. An interfacial shear stress was introduced in addition to ECAP shear due 
to the circular cross section of the interface. CP Al showed a significant grain 
refinement after six passes but AZ31 was less refined. The interfacial shear stress is 
very important for microstructure evolution of the AZ31 region and the ECAP 
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shear was more predominant in the Al region. This was also indicated by the 
microhardness profile along the cross section. Two intermetallics were formed at 
the interface and fractography showed that the material failed differently in various 
regions. 
5.3.2 Al/AZ31 macrocomposite  
 The part above, regarding fabrication of a rod type bi-metal showed that 
processing of Al/Mg resulted in an interface with two different transition regions 
containing Mg17Al12 and Al3Mg2 intermetallics. As discussed, the presence of 
intermetallics enhances strength and partly ductility of the bi-metal. The results 
also showed, that upon increasing tensile strain the area of the interface regions 
increased. Although interface transition regions containing intermetallics could 
enhance mechanical properties, a wide interface that is several hundreds of microns 
thick would probably make the bi-metal configuration weak and susceptible to 
cracking, owing to the brittle phases. In order to overcome such a situation, 
fabrication of a bi-metal composite containing a large fraction of dispersed 
interfaces was undertaken. This led to a new type of Al/AZ31 macrocomposite. 
The related results thus obtained are discussed in the following paragraphs. 
Bonding characteristics
Optical micrographs of the as-prepared composite (Figs 4.36–4.37) and the 
subsequently ECAP’ed material are shown (Figs 4.42–4.43). These micrographs 
reveal the bonding between mono-material chips and between CP Al and AZ31 
islands. The width of the AZ31 chips observed in as-prepared screw extruded and 
in the ECAP’ed condition, show that ECAP introduced thinning of the AZ31 
islands both in the cross section and along the longitudinal direction.  
The as-screw extruded composite shows poor bonding characteristics and 
clustering of the AZ31 chips relative to the subsequently processed ECAP’ed 
condition. The introduction of ECAP, although conducted at high temperature 
(200°C), shows excellent bonding characteristics. This is due to the effect of high 
strain and moderate pressure imparted in ECAP. Also, the AZ31 islands which 
originally were clustered in the as-screw extruded condition were thinned and 
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elongated along the ECAP shear direction. The introduction of ECAP might also 
have resulted in dissolution of Mg into Al, thus contributing to a reduced width of 
the AZ31 chips. In order to confirm dissolution of Mg into CP Al, EDS line scan 
analyses of Al and Mg concentrations across the interface of pre- and post 
ECAP’ed material were obtained (see Figs 4.39–4.41 and Fig 4.47 respectively). 
The nature of different interface structures due to the imposed ECAP strain could 
be observed. While, the screw extruded composite showed an interface with 
transition regions similar to what was observed for the Al/AZ31 rod type 
composite, the ECAP’ed macrocomposite exhibited a single transition region (IF3) 
containing around 80 wt% Al and 20 wt% Mg.  This composition corresponds to a 
mixture containing Al and Al3Mg2 intermetallic phases in agreement to the 
equilibrium phase diagram for the Al-Mg binary system. 
Interface studies
Based on the SEM and EDS analysis, a phenomenological evolution of the 
interface bonding mechanism can be developed. Figure 5.10 illustrates the various 
stages of the interface intermetallic layers during screw extrusion. The same 
explanation can also be used for the interface structure developed during Al/AZ31 
alloy bi-metal rod type structure since a similar interface can be observed for the 
latter.  
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Figure 5.10. A schematic representation of the formation of intermetallic layers in an 
Al/Mg alloy bi-metal fabricated by screw extrusion; (a) first stage, (b) second stage, 
(c) third stage, (d) fourth stage. The red line represents the physical interface between 
Al and Mg. 
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During high temperature screw extrusion of the composite, diffusion of Mg 
into Al occurred, forming a temporary Mg/Al metastable transition region (see Fig 
5.10a). Upon further time exposure, this developed into Mg17Al12 due to 
thermodynamic reasons (see Fig 5.10b). The introduction of ECAP strain might 
increase the stored energy of the material, resulting in diffusion through short 
circuit paths, i.e. including pipe diffusion and grain boundary diffusion, both 
having a low activation energy [294]. In addition, the interface experienced higher 
strain as compared to the bulk, hence more dislocations were activated here.  
Wang et al. [295] studied the diffusion activation of energy of Mg and Al 
in an intermetallic Mg/Al joint and reported that the lowest activation energy 
(16.33 KJmol-1) for diffusion of Mg in Al occurred in the Mg17Al12 intermetallic 
(IF1). This would have resulted in diffusion of Mg into Al from IF1 into IF2. This, 
in turn might have resulted in formation of the Al rich Al3Mg2 intermetallic (IF2) 
as shown in Fig 5.10c. It was reported that the diffusion activation energy of Al is 
lower than for Mg in Al3Mg2, i.e. 22.6 KJmol-1 and 33.72 KJmol-1 for Al and Mg 
respectively. Hence, simultaneous diffusion of Al into IF2 occurred as well. This 
might have led to the formation of a thicker IF2 as compared to IF1. Therefore, a 
two layered transition region could be observed at the interface in the present 
Al/AZ31 alloy bi-metal having a thick IF2 and a thin IF1 region as can be seen 
from Fig 5.10d. These characteristics of diffusion kinetics may also explain why 
the IF1 is thinner than IF2, both for the rod type structure and the screw extruded 
macrocomposite.   
After screw extrusion, an interface structure similar to that observed in the 
rod type bi-metal was developed, see Fig 5.10d. With subsequent ECAP strain 
performed at relatively lower temperature than in the screw extrusion, different 
activation energies of Mg and Al in different phases lead to the three consequential 
processes illustrated in Fig 5.11.  
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Firstly, Al diffuses into the Al3Mg2 intermetallic phase as diffusion of Al is 
higher than Mg in this intermetallic (red arrows in Fig 5.11). This leads to a 
decrease in the concentration of Mg in IF2, thus resulting in higher diffusion of Mg 
from IF1 into IF2 to compensate for the decreasing Mg concentration (black arrows 
in Fig 5.11). Also, Mg from the AZ31 region diffuses into IF1 (blue arrows in Fig 
5.11). As the deformation progresses, dissolution of Mg into Al occurs due to the 
diffusion of Al in IF2. Further, the AZ31 region and the interface IF1 collapse as a 
result of decreasing Mg content and Al and interface region IF2 combine to form a 
new single interface region as shown in Fig 5.12.  
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Figure 5.11. A schematic illustration of the diffusion processes involved during 
ECAP of the screw extruded bi-metal macrocomposite at 200°C.
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Figure 5.12. A representation of the final interface structure observed after 
ECAP at 200°C of screw extruded bi-metal macrocomposite. The red line 
represents the physical interface between Al and Mg. 
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In other words, the dissolution of Al into IF2 containing Al3Mg2 combined 
with the dissolution of Mg into IF2 from IF1 results in a new interface structure not 
present in the as-screw extruded condition. The width of the new interface (IF3) 
was narrow and  1 μm. However, some thicker regions were also observed (Fig 
4.50) and illustrated by Fig 5.13 below. The regions between the white dotted lines 
in the lower part of Fig 5.13 are thick areas with a different contrast.  
The regions inside the black dotted lines correspond to AZ31 chips that are 
less deformed during screw extrusion than the majority of theAZ31 chips. This is 
possible, as the screw extrusion introduced bonding of CP Al and AZ31 chips due 
to high temperature and intensive shear straining. The width of these regions was 
Figure 5.13. EDS line scan analysis of ECAP’ed macrocomposite depicting composition of Al 
and Mg along the green line in the lower illustration. The red curve depicts Mg and green 
represent Al. The y-axis is concentration in mass%. 
IF4 IF3 IF4 
20 μm 
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too large for dissolution of Mg and hence, Mg was not completely dissolved into 
Al. Instead, Al dissolved into Al3Mg2 intermetallics. Also, Mg from the AZ31 
matrix dissolved into Mg17Al12 intermetallics and then from IF1 into IF2 (Al3Mg2). 
As mentioned above, the diffusion of Mg from AZ31 into IF1 and IF2 is faster than 
diffusion of Al into IF2. This results in a collapse of the Mg rich AZ31 regions into 
a transition region containing 60 wt% Al and 40 wt% Mg (IF4) as shown in Fig 
5.13. This corresponds to a region containing almost a single phase Al3Mg2
intermetallic in accordance to the equilibrium phase diagram. However, since Al 
and Mg are light elements and next to each other in periodic table, accuracy of the 
EDS analysis is reduced [296]. This means that the IF4 region may not contain a 
single phase Al3Mg2 intermetallic but rather exist as a mixture of Al3Mg2 + Al or 
Al3Mg2 + Mg17Al12. 
Furthermore, Figure 5.13 shows that identified IF4 regions are wide apart. 
Also, the CP Al matrix between such regions contains very little Mg (almost 
without Mg). This supports the above mentioned mechanism involving dissolution 
of Al into the Al3Mg2 intermetallic. In other words, the closer the AZ31 islands are 
spaced, the more homogeneous is the dissolution of Mg in Al. On the other hand, if 
the AZ31 islands are wide apart, the dissolution of Mg is restricted to the regions 
close to the AZ31 islands, thus leaving large regions of pure Al. 
In summary, mechanisms responsible for the evolution of interface 
structures during screw extrusion and after subsequent ECAP have been explained. 
These interface structures look similar as to what was observed for the rod type bi-
metal after ECAP. They contained two transition regions, IF1 and IF2 which were 
primarily made up of Mg17Al12 and Al3Mg2 intermetallics. After ECAP, the 
interface structure of the macrocomposite was transformed into a single transition 
region. The composition of this region was determined by the thickness of the 
AZ31 islands initially present before ECAP. For thin regions, thickness  2 μm 
after ECAP, the interface structure consisted of Al and the Al3Mg2 intermetallic 
(IF3), while interfaces with thickness larger than 2 μm consisted of regions with 
Al3Mg2 intermetallics (IF4). These transformations have been attributed to the 
differences in the diffusion activation energies of Mg and Al in different regions 
such as Al, AZ31, IF1 and IF2 interface regions. 
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Grain size studies
From the polarized optical micrographs (POMs) in Figs 4.36–4.37, 4.42–
4.43 and the IPF map in Fig 4.48, it can be seen that the grain structure was 
significantly refined, i.e. from an average of ~27 μm after screw extrusion to ~5 
μm after ECAP at 200°C. This significant grain refinement could also be attributed 
to the ECAP process itself, but was aided by the dissolution of Mg in aluminium. 
The refinement mechanism is believed to be similar to that observed in Al-Mg 
solid solution alloys [106, 111, 297].  The IPF map in Fig 4.48 shows that, unlike 
CP Al undergoing ECAP where a cell structure was predominant even at RT (see 
Figs 4.3–4.7), a non-cellular microstructure develops even at 200°C ECAP (see 
Figs 4.48 and 4.49). This is probably due to the effect of Mg in solid solution 
reducing dislocation mobility due to solute drag effects. Interestingly, a similar 
structure has been observed for an Al- 3Mg alloy during ECAP processed at RT 
[298].  
Additionally, the presence of intermetallics results in the formation of 
small grains close to them. Chen et al. [297] investigated the microstructure 
evolution of various Al-Mg alloys by ECAP and found that fine grains, i.e. finer 
than that achieved in the bulk material, were present around Fe rich impurities. It 
was reported that the hard particles stimulate an increase in local misorientation. 
Also, large particles produced higher misorientations along the HAGBs as 
compared to smaller particles [297].  Apps et al. [299] reported similar deformation 
zones around second phase particles. Hence, in the present macrocomposite the 
interface regions (IF3 and IF4) correspondingly assist grain refinement, especially 
in their nearest neighbourhoods. Since these interfaces are long, streaks of small 
grains are formed in the vicinity of interface regions decorated with intermetallics 
(see in Fig 4.48). 
Tension tests and fractography  
 Tension tests showed that high strength can be achieved for the 
macrocomposite. From Figure 4.51 and Table 4.1, one can conclude that the yield 
strength increases by a factor of 2 after ECAP. In spite of this increase, the ductility 
remained quite reasonable. The relative high strength is believed to be achieved by 
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the presence of alternate layers of IF3 and IF4 containing intermetallics. Unlike the 
screw extruded macrocomposite containing AZ31 islands surrounded by 
aluminium and separated by interfaces containing two transition regions, the 
interface structure in the ECAP’ed macrocomposite appeared different. Also, the 
interface structure after ECAP is relatively thin as compared to that of the screw 
extruded composite. It seems likely from the above discussion on the interface 
structures that about ~3 wt% Mg is dissolved in aluminium. All these 
characteristics are believed to contribute to the high strength observed in the 
macrocomposite. 
From the literature survey, serrations in the stress strain curve seemed to 
appear at particular deformation conditions promoting strain localization [300] and 
are quite commonly observed in Al-Mg alloys. Serrations obtained in these 
materials are commonly referred to as the “Portevin-Le Chatelier effect” (PLC 
effect) [301-304]. Serrations are believed to occur from dynamic strain ageing 
(DSA) due to the interaction between solute atoms and mobile dislocations where 
solid solution hardening is the primary strengthening mechanism [305-313]. 
Mobile dislocations are repeatedly locked and unlocked from to the solute atoms, 
hence resulting in the zigzag flow curves in the plastic region. For some 
precipitation alloys (e.g. Al-Mg-Zn, Al-Mg-Si etc.), the PLC effect is partly 
attributed to the shearing of the precipitates. Mobile dislocations accumulate 
around the precipitates and shear repeatedly, resulting in observable serrations 
[301, 310, 314-318]. Polycrystalline materials are found to exhibit three types of 
serrations, namely, A, B and C type serrations [319].  
The present screw extruded composite shows serrations similar to type A 
(see Fig 4.51). However, they are not as periodic as typical type A serrations 
reported [308, 316, 319]. However, it is believed that the present serrations are a 
result of dynamic plastic events occurring at the interfaces and in the Al matrix 
respectively. When the present screw extruded composite is deformed under 
uniaxial tension, strain localization occurs due to non-uniform strain 
accommodation within different composite constituents. This strain localization 
may result in crack formation at the interfaces and is provoked by local stress. 
However with progressing deformation, there is sufficient plastic flow capability in 
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aluminium to continue deformation without substantial crack growth. These events 
are manifested by the jerky flow in the stress-strain curves.  
In other words, the present jerky flow has partly a different origin than the 
classical PLC effect. Although one can confirm the presence of Mg in solid 
solution in Al rich areas, the effect of IF3, i.e. the Al3Mg2 intermetallic interface 
(but also the IF4) is quite significant compared to the Mg effect in Al. The reason 
for the increased effect is probably due to the more homogeneous distribution of 
long streaks of these interfaces within the composite. However, it is to be noted 
that, this possible mechanism is a conjecture. The scope of the present tensile 
testing is limited to demonstration of the relative high strength achieved. Hence, 
more work is needed in order to answer certain questions. For example, is there any 
real significance of the interfaces as compared to the classical solute effect in the 
macrocomposite? If so, can it be empirically or quantitatively explained? What is 
the relative effect of the two different interfaces as compared to that of solid 
solution?  
 Furthermore, Figures 4.52 and 4.53 show SEM fractographs of the screw 
extruded composite and the fractography reveals distinct features. First, small voids 
(V1) accompanied by some beach marks were observed (arrows in Fig 4.52). 
Second, large voids (V2) which were long and deep were observed. The small 
voids correspond to the ductile fracture occurring in Al rich areas. This means that, 
far from the AZ31 islands, ductile fracture due to void coalescence is the prevailing 
mechanism. The large voids (V2) are pull-outs where AZ31 islands disintegrate 
from the matrix at the interface. The brittle nature of the intermetallics (IF1 and 
IF2) could also lead to rapid crack propagation at the transition regions of the 
interfaces, thus delaminating from the bond between AZ31 and Al constituents. 
However, fracture of the AZ31 into smaller fragments is unlikely owing to the 
dimensions of these voids (V2) which were more or less similar to that of the AZ31 
chips (see Section 4.3.5 in Chapter 4). Also, EDS line scan analysis (Fig 4.54) 
conducted on the fracture surface along the line shown in Fig 4.53 clearly depicts 
the interface and the CP Al matrix regions.  
From the above interpretations, the failure of the composite material can be 
described as a two-step process. First, with increasing stress, AZ31 islands 
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delaminated from the CP Al matrix at the interface. The interfaces were of brittle 
nature and contained pre-existing cracks formed during screw extrusion and which 
propagated towards the ductile Al regions as explained by Paramsothy et al. [225]. 
The pull-out of the strong AZ31 islands from the Al matrix reduced the cross-
section area, thus increasing the effective stress. With further tension, more pull 
outs occurred resulting in the final failure of the material, i.e. by fracture of the 
remaining Al matrix. 
 However, the fracture of the ECAP’ed macrocomposite was quite different 
from that of the screw extruded composite. While the screw extrusion composite 
failed in a ductile manner, the ECAP’ed macrocomposite appeared to be 
significantly less ductile. Interestingly, the sample failed along the tensile direction. 
Also, the fractured surface was quite irregular. Figure 4.56 showed that the fracture 
surface contained some large voids with smooth walls and there were also alternate 
ductile and brittle regions (see Section 4.3.5 and Fig 4.57). The irregular fracture 
surface along the tensile direction revealed that failure nucleated by the presence of 
interface intermetallics. Careful investigations of the fractured surface revealed that 
the large voids observed on the walls along the tensile direction were absent in the 
sample cross-section. In addition, several crack nucleation sites were visible as 
shown in Fig 5.14.  
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It is here remarked  that this sample had been screw extruded prior to 
ECAP and hence the AZ31 chips were shaped into concentric circles 
corresponding to the characteristic strain path [255]. Thus, crack initiation must 
have caused failure along the chip boundaries in a similar fashion. The morphology 
of the fracture surface in Fig 5.14a actually shows such concentric lines. As just 
mentioned, large voids observed on the walls perpendicular to the cross-section 
area were not visible in the cross-section. This could mean that while the fracture 
process developed in the cross-section, the interface regions (predominantly IF4 
regions) delaminated from the Al matrix. The IF3 regions being very thin, most 
probably broke down discretely. Irregular, rugged boundaries in IF3 could here, aid 
s(a) 
(b) 
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Figure 5.14. (a) SEM fractograph of the failed ECAP’ed macrocomposite. Some crack 
initiation sites are emphasized by the black circles, (b) Location of tensile sample in the 
ECAP’ed material.
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fracture along the interfaces. Furthermore, the smooth surface of these meso-sized 
voids actually supports the pull out mechanism described above. The investigations 
across the cross section area actually revealed that failure occurred both in Al 
matrix and through the interface regions. This resulted in the alternate ductile and 
brittle regions shown in Fig 4.57. Here, EDS analysis confirmed that this pull-out 
mechanism was very likely. 
 In summary, the screw extruded composite failed by ductile fracture of CP 
Al caused by a reduction of load bearing area. The latter occurred due to fracture of 
transition regions at the interfaces followed by pull-out of AZ31 islands from the 
matrix. The ECAP’ed macrocomposite, on the other hand, had failed by multiple 
crack initiations along chip interfaces. Crack propagation along the interfaces 
facilitated an easy pull-out of previous chip elements. Since the aluminium rich 
areas also contained dissolved Mg, the ductility was lowered and crack propagation 
accelerated towards final failure. 
Comparison between ECAP’ed macrocomposite and Al alloys 
 The strength achieved in the ECAP’ed macrocomposite is relatively high 
as compared to pure Al or even AZ31 alloys after ECAP. In order to realise the 
potential of the macrocomposite, it is necessary to compare the properties with the 
characteristics of existing Al-Mg binary alloys and other Al alloys in the similar 
strength regime. Murashkin et al. [111] showed an extremely high ultimate tensile 
strength of about 950 MPa for a commercial 1570 alloy (Al - 5.7 wt% Mg - 0.32 
wt% Sc - 0.4 wt% Mn) pressed in HPT by 20 turns at RT. Although the present 
macrocomposite does not show such a high strength, the strength can be compared 
to that of an annealed Al 1570 aerospace alloy (~376 MPa). It must be noted that 
the very high strength from such a heat treatable alloy comes from a combination 
of high solute content (Mg) and a large fraction of extremely small Al3Sc 
precipitates in the matrix. Similarly, the strength from the present material 
originates from the interlayers of Al3Mg2 intermetallics combined with the 
diffusive dissolution of Mg into Al regions.  Moreover, Furukawa et al. [320] 
studied the factors influencing flow and hardness of ultra-fine grained Al alloys. 
They examined an Al-3 wt% Mg alloy subjected to ECAP at room temperature for 
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4 passes and which was further annealed at different temperatures for one hour. 
The present macrocomposite processed by ECAP displayed a yield strength of 275 
MPa which is lower than that observed for the Al-3Mg alloy after 4 passes ECAP 
at RT (~370 MPa) and it exhibited only half of the elongation to failure. Although 
the ductility and yield strength of the macrocomposite were lower than for the 
ECAP’ed Al-3Mg alloy, the UTS of the present macrocomposite was higher. Also, 
by comparing with a similar study on the improvement of mechanical properties of 
different Al alloys by Horita et al. [321], the present macrocomposite seemed to 
have a better combination of high yield strength and a good ductility as compared 
to the Al alloys 2024 and  5083.  
Furthermore, in order to extend the strength of the ECAP’ed 
macrocomposite, it was cold-rolled from an initial thickness of 10mm to 1mm 
resulting in a von Mises strain of about ~2.7. Hence, Figure 5.15 shows a 
comparison of the screw extruded, ECAP’ed and the subsequently cold rolled 
samples subjected to tension testing. 
  
Figure 5.15. A comparison of engineering stress-strain curves of the as-screw 
extruded, ECAP’ed and ECAP + cold-rolled macrocomposite originated from 
screw extrusion.
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It can be seen that there is a significant increase in yield stress after rolling, 
i.e. ~395 MPa. However, the ductility has decreased to about 4%. The high fracture 
strength (430 MPa) in the cold-rolled condition is similar to that observed for a 
5083 Al-Mg alloy ECAP’ed to 4 passes although the ductility was lower for the 
rolled macrocomposite. The high strength obtained in the rolled condition is 
believed to be due to high densities of accumulated dislocations resulting from low 
dislocation mobility at RT caused by (i) dissolved Mg in Al together with, (ii) the 
presence of intermetallic particles which, (iii) might have been broken down into 
smaller fragments. The obtained mechanical properties are particularly interesting 
as the high strength reported for alloy 5083 was obtained by an ultra-fined grain 
size, while this was not a major characteristic of present macrocomposite after 
rolling. However, a mean grain size close to 1 μm assumed to be present in the 
latter case. EBSD scans were taken along the ED-TD plane to see if the grains were 
ultra-fine and Figure 5.16 shows a corresponding OIM image of the rolled sample. 
It can be seen that a necklace of fine grains is observed in some regions 
(black arrows in Fig 5.16), while most of the matrix is constituted by a larger grain 
size. It should be added that this investigation was purely intended to demonstrate 
Figure 5.16. OIM map of the ECAP’ed macrocomposite, post processed by rolling at RT. 
Black lines indicate HAGBs and white lines indicate LAGBs.
RD 
TD 
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high strength potentials of the Al/Mg macrocomposite originating from screw 
extrusion. Hence, further analysis, e.g. of the cold-rolled condition, was not 
performed. 
Anyway, the present study clearly illustrates the potential of such a new 
genre of mechanically mixed Al/Mg materials containing interfacial intermetallics 
and an Al matrix strengthened by one or more constituents of Mg rich particles. In 
other words, the present study leaves big room for further investigations and 
developments. 
Microhardness evolution 
 The microhardness values show that the ECAP’ed macrocomposite is 
harder and stronger than the screw extruded macrocomposite counterpart (refer Fig 
4.59). It seems obvious that peaks correspond to interface regions in both the plots 
and the valleys represent the Al rich matrix. The hardness value of the latter for the 
screw extruded condition was on average ~27±3 HV. This value is very similar to 
the as received hardness of CP Al before processing. On the other hand, an average 
hardness of ~81±3 HV was observed for the Al matrix in the ECAP’ed material. A 
comparison of these values shows a significantly higher hardness for the ECAP’ed 
condition, i.e. three times higher than the screw extruded material. This difference 
indicates that Mg was dissolved into aluminium after ECAP, as discussed above.  
The hardness ratio between the interface and the Al rich region for the 
screw extruded macrocomposite is ~3 whereas the ratio drops to ~1.25 for the 
ECAP’ed macrocomposite. This probably confirms the dissolution of Mg into Al 
during ECAP. From the investigations on alloy Al-3Mg and a commercial Al-Mg-
Li-Mn alloy (CA) [320], it was found that the ECAP’ed Al-3Mg alloy showed a 
mean hardness of ~120 HV whereas the CA alloy had a value of ~118 HV. 
However, on annealing to 473 K, the observed hardness was ~100 HV for the CA 
alloy, i.e. similar to that observed for the average hardness of the macrocomposite 
processed by ECAP at 473 K (87±10 HV). To be mentioned, the average hardness 
of the CP Al constituents of the macrocomposite ~81 HV is quite similar to ~85 
HV of the ECAP’ed Al-3Mg alloy annealed at 573 K.  
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The above results and discussion show that the present macrocomposite 
prepared from Al and AZ31 chips could be a new genre of ECAP’ed high strength 
Al/Mg based materials for novel structural applications. The untreated ECAP’ed 
macrocomposite processed at 473 K (200°C) is similar to ECAP’ed Al alloy 5083 
after 4 passes at RT. However, if the macrocomposite is processed at RT, the latter 
material is believed to reach much higher strength levels. 
5.4 Sheet composites  
5.4.1 General overview 
The Al/Mg macrocomposite processed by ECAP and the subsequent post 
processing by cold-rolling revealed a significant increase in the UTS and yield 
strength of the material. Although, fabrication of this novel material is 
encouraging, the process had to be optimised for both experimental and material 
conditions in order to achieve consistent and even more attractive results. Having 
said, it is practically difficult to optimise the macrocomposite owing to the 
complex interface structure and multiple processing steps. Hence, Al based sheet 
composites and rod shaped bi-metals were fabricated and subsequently studied to 
discover important characteristics that can be used for optimizing the experimental 
conditions and to better understand the material behaviour during ECAP of 
interfaced materials in general. 
5.4.2 Al/Al composite 
Effect of experimental parameters 
 As explained earlier (see Section 4.4.1), an Al/Al composite was designed 
to study the effects of experimental parameters on the bonding behaviour of similar 
sheets upon ECAP. Tables 4.1–4.4 show whether the sheets were bonded for 
various experimental conditions. Investigations on the Al/Al composites were 
divided into two broad categories, viz., samples processed without back pressure 
and samples processed with back pressure. Samples processed with back pressure 
were further subdivided into three categories, namely, (1) SiC brushed, (2) wire 
brushed and (3) machine brushed samples.  
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 Figure 5.17 shows force vs. pressing speed plots for samples processed 
without back pressure for varying lengths and roughening techniques.  
It can be seen that the samples roughened by machine brushing require a 
significant higher pressing force than SiC sheets and wire brushed samples having 
the same length.  This could be an effect of increased friction between the two 
sheets. In order to resolve the effect of friction, a CP Al block of length 100 mm 
and a cross section of 19.8 × 19.8 mm2 was ECAP’ed at RT. A force of ~45 KN 
was required to ECAP such a material at 2 mm/s. Now, the total force (FT) required 
to ECAP the present Al/Al sheets can be expressed as:  
                                  FT = FECAP + 2·Ffric                                        (5.1)   
Here, FECAP is the force required to ECAP a bulk counterpart and Ffric is the 
additional frictional force between the sheets. This value is multiplied by 2 as there 
are two interfaces in the present configuration. Since the same Al material has been 
used, FECAP can be assumed to be 45 KN obtained from ECAP of the CP Al block. 
Figure 5.17. Force vs. pressing speed plots of samples processed without back 
pressure and with various lengths and roughening techniques. Black dotted line 
indicates the trend of samples roughened by SiC emery sheets and wire brush. Red 
dotted line represents the samples roughened by machine brushing.
200 
It has already been discussed (see Chapter 2) that the effect of pressing speed does 
not have any significant influence on the microstructure evolution as long as 
recovery kinetics are not influenced, e.g. see [11]. Also, since a semi-continuous 
ECAP method (see Chapter 3) has been applied, the effect of specimen length on 
the processing force can be assumed to be negligible for pure materials [6]. Hence 
it is reasonable to assume a constant ECAP force of 45 KN in the present case. 
Now,  
                                             FT = 45 + 2·Ffric                                                                     (5.2) 
Applying Equation 5.2 to the samples processed without back pressure, the 
frictional force (Ffric) was obtained to be ~3 KN for samples roughened by SiC 
grinding papers or wire brushing pressed at 1 mm/s, and Ffric ~7.5 KN for 5 mm/s 
pressing speed. However, for machine brushed samples, Ffric ~57 KN at 1 mm/s 
and Ffric ~65 KN at 5 mm/s. Hence, the machine brushed samples experience higher 
frictional forces at the interfaces as compared to that of the SiC roughened and wire 
brushed samples. It is to be noted that this is a simple derivation and assumes that 
the deformation at both interfaces is equivalent. However, in reality such a 
situation is probably unlikely. This is due to the inhomogeneity in the ECAP 
deformation process itself [21]. Also, the presence of the characteristic arc of 
curvature (ȥ) in the ECAP tool has a significant effect on deformation 
homogeneity during ECAP [6]. In addition other factors such as lubrication and 
material characteristics, such as the presence of local impurities, may change the 
behaviour of the sheets and the interfaces.  The two slopes of the plots in Fig 5.17 
show a weak increasing tendency vs. pressing speed, e.g. higher slope for the 
machine brushed surfaces than for the other two roughening methods. The general 
positive slope probably corresponds to a positive strain rate sensitivity of the pure 
aluminium [322, 323]. Further, the higher friction between machine brushed 
surfaces could accelerate work hardening. This in turn, will increase the necessary 
pressing force. However, all samples processed without back pressure slipped on 
the sheet surfaces, thus preventing interface bonding since the hydrostatic pressure 
was too low. 
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Furthermore, Fig 5.18 shows the necessary ECAP force as function of 
pressing speed for wire brushed samples processed with a back pressure of 100 
KN.  
Obviously samples longer than 60 mm show an increasing frictional force 
with increasing pressing speed, whereas samples shorter than 60 mm do not show 
such an obvious effect. The shortest specimens behave relatively similar to the 
samples processed without back pressure (Fig 5.17). This means that 70 mm is the 
threshold length. Above this value, the samples show increasing friction with 
increasing pressing speed when a back pressure is set at 100 KN.  
This could be due to an effect of the deformation rate on friction [324-
327]. Accordingly, it is a general notion that the increasing deformation rate 
increases friction of the interacting surfaces. Two different speeds are here 
considered to explain such an effect. At a pressing speed of 2 mm/s, it can be seen 
that the pressing force is proportional to the length of the samples (F~58 KN for 50 
mm and F~116 KN for 100 mm wire brushed samples, i.e. doubled). Increasing 
pressing force means increasing hydrostatic pressure inside the channel. The 
probability of local interface bonding is therefore increased, decreasing the 
Figure 5.18. Force vs. pressing speed plots of wire brushed samples 
processed with an ECAP back pressure of 100 KN for various lengths.
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tendency of slipping of the sheets. However, the bonding could not be established. 
A probable reason could be that the above local interface bonding might be a self-
strengthening effect and since more massive or continuous plastic flow requires 
very high shear stress, the effect of such dependence might require higher order 
dependence than the present linear effect. 
Effect of length on friction at higher pressing speeds can be explained by 
the dependence of deformation rate on flow stress, i.e. by increasing the 
deformation rate, this elevates the flow stress (m > 0), which in turn increases the 
hydrostatic pressure inside the channel. However, bonding did not occur even at 
higher speeds. This could be due to the limitation of surface roughness. Wire 
brushing could have produced too little roughness than required to hold the sheets 
together at the given hydrostatic pressure. The poor surface roughness might have 
resulted in little interlocking of sheets, causing interface sliding. As a result, 
subsequent bonding and debonding could occur at the interface as the sample is 
pressed through the channel. This local bonding and debonding due to interface 
sliding would increase the frictional force at the interface with increasing length. 
This is probably the additional force obtained at higher pressing speeds as 
compared to that at lower pressing speeds. For instance, at 5 mm/s pressing speed, 
the necessary force (F~134 KN) is higher for the 100 mm long sample than a 50 
mm sample (F~62 KN). Considering a similar effect as obtained for 2 mm/s, there 
is an additional 10 KN (134 – 2×62 KN) at 5 mm/s due to the interface sliding.  
The resulting frictional force calculated for the samples plotted in Fig 5.18 
is summarized in Table 5.1.  
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Table 5.1. Frictional force calculated for the wire brushed samples processed 
with a back pressure of 100 KN for different lengths. 
By comparing Fig 5.17 and Table 5.1, it can be proposed that the machine 
brushed condition processed without back pressure has a higher frictional force at 
the interface than the wire brushed samples processed with a back pressure of 100 
KN. This means that surface preparation is critical for generating a high frictional 
force at the interface. 
Figure 5.19 summarizes the force vs. pressing speed plots for machine 
brushed samples processed with different lengths and a back pressure of 100 KN. 
Length 
(mm)
Pressing 
speed 
(mm/s)
Ffric
(KN)
50 2 6.5
50 5 7
60 2 9.5
60 5 11
70 1 15.5
70 2 18.5
70 4 23
70 5 24.5
80 2 18
80 5 32
100 2 33.5
100 5 35.5
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By comparing the scale of the y-axis in Figs 5.18–5.19, it can be observed 
that wire brushed samples showed relatively less increase in the frictional force 
with increasing pressing speed as compared to machine brushed samples. This is 
clearly visualized by Fig 5.20 showing the frictional force of samples processed 
under different conditions.  
Figure 5.19. Force vs. pressing speed plots of machine brushed 
samples processed with a back pressure of 100 KN for various 
lengths.
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It can be seen that samples processed with a length up to 60 mm do not 
show any significant increase in friction with increasing pressing speed. Also, of all 
samples, only those surfaces that are machine brushed with length greater than 60 
mm show higher frictional force as compared to the force required to perform 
ECAP on a solid bar, i.e. Ffric  2·FECAP. Secondly, the sample 705MB showed an 
excellent bonding between the two sheets without any interface, i.e. the sheets have 
been transformed into a bulk material after just 1 pass ECAP. From the above 
observations it can be proposed that for the current experimental setup, at least 200 
KN of frictional force is required to achieve bonding between the sheets.  
For the current conditions, the sample length must at least be 70 mm and 
processed with a back pressure of 100 KN. By comparing Figs 5.18 and 5.20, it can 
be proposed that for lengths greater than 70 mm, the change in the frictional force 
(Ffric) per mm per second, i.e. the slope of the line in Fig 5.20, increases with 
increasing length. However, physical evidence of the increasing slopes for lengths 
Figure 5.20. Frictional force as function of pressing speed for samples processed with a 
back pressure of 100 KN under various experimental conditions. Red box denotes the 
sample 705MB that achieved bonding. 
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greater than 70 mm could not established for BP-ECAP due to the limitations of 
the current die setup, which can withstand only 600 KN force.  
Microstructure evolution 
 A typical OIM map of the sheets processed by ECAP was shown in Fig 
4.62.  As mentioned in Chapter 4, the processing of sample 705MB led to good 
bonding between the sheets and the specimen became fully consolidated upon 
ECAP deformation. It was also difficult to identify individual interfaces in the 
material after ECAP. Observations from the OIM investigations showed that grains 
were severely strained and numerous deformation bands were formed. Although 
the total force required to process the composite was high, no significant grain 
refinement was observed. The mean grain size observed in the current sheet 
composite was similar to that observed in a CP Al block processed to 1 pass by 
ECAP at RT in the present study (see Section 5.2). 
Bonding mechanism 
 Bonding between sheets prepared by ECAP has to the present author’s 
knowledge, not been published. However, a number of previous works focussed on 
the bonding mechanism involved during roll-bonding of sheets [1, 2, 47, 74, 78, 
328]. For instance, Bay et al. [76] developed a general model and explained the 
bonding mechanism involved during rolling. According to these authors, initially, 
fracture of a contaminant film occurs followed by extrusion of material through the 
cracks and then finally, coalescing with the opposite surface by building the real 
contact bond. The model also proposed that a threshold surface expansion of the 
material had to be exceeded in order to achieve bonding. A similar work by 
Vaidyanath et al. [329] reported that surface deformation by scratch brushing 
removed layers of contaminant films and subsequent layers stuck to each other 
upon rolling. This led to unified break-up of layers, resulting in extrusion of a 
maximum area of virgin metal during the bonding process. Further, another report 
by the same group [330] showed that there was a remarkable time dependence on 
the initiation of bonding during rolling deformation. 
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A specific bonding mechanism can be proposed for ECAP of sheet 
composites based on the above literature studies. This mechanism is in general 
similar to that proposed by Bay et al. [76]. However, there are some differences. 
But first, Figure 5.21 shows a schematic illustration of the bonding mechanism 
explained by Bay et al. [76].  
In the present situation, the sample surface prior to the ECAP is heavily 
deformed and the surface is relatively rougher, due to machine brushing as 
compared to scratch brushing utilized in the roll-bonding study. The prepared 
surface is then immediately processed by ECAP, i.e. the surface is fresh and has a 
minimum of contaminant film. Hence, the surface is expected to have less 
contaminant film as compared to that of the roll bonded sample.  As the sample is 
pressed through the die, bonding is initiated at the channel intersection shear zone. 
The presence of back pressure hinders recovery of stresses that may lead to 
debonding, once the sample has passed through the channel intersection.   
 A number of other observations were also made from the present results. 
Firstly, samples processed at pressing speeds lower than 5mm/s might have had 
enough time to undergo stress recovery, hence preventing any further bonding of 
the sheets. This idea is in correspondence to the theory for weld break-up driven by 
elastic recovery forces, see McFarlane and Tabor [331]. Also, samples having 
lengths shorter than 70 mm did not show the high frictional force required for the 
Figure 5.21.  Schematic illustration of the bonding mechanism on a scratch brushed 
surface, (a) prior to deformation, (b) at small strains, (c) at large surface expansion [76].
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extrusion of virgin material and hence, the surfaces remained unbonded. This could 
be an effect of the inherent nature of the ECAP process itself. Secondly, unlike 
roll-bonding, ECAP involves a constant cross section area and the material is 
subjected to severe shear only for a short time interval when passing through the 
channel intersection. At a pressing speed of 5 mm/s for a 70 mm long sample, the 
actual total sample deformation process lasts only 12 seconds. This could certainly 
limit diffusion. Thirdly, the frictional force at the sheet interfaces must be at least 
~2 times higher than the force required for ECAP of a bulk specimen in order to 
achieve bonding.  
Finally, EPMA was carried out to validate the bonding mechanism 
involving the break-up of contaminant film during bonding (see Fig 4.63). The 
results obtained on the well bonded specimen showed no physical evidence of local 
oxide particles. However, such identification is very difficult since oxides could be 
very small due to fragmentation and at the same time, the surrounding areas 
including the bond might be severely deformed. In addition, there is a practical 
limitation, i.e. the typical resolution limit of EPMA is ~1 μm. 
 In order to illustrate the bonding process explained above, a schematic 
illustration is shown in Fig 5.22. The schematic is divided into three, i.e. part (a), 
(b) and (c). Part (a) describes the macroscopic view of the sheets stacked upon each 
other along with the interface along the ED-ND plane. The red dashed line depicts 
the shear zone in the ECAP channel. Part (b) is a magnified illustration of part (a) 
and illustrates the microstructure evolution before and after ECAP as the sample 
passes through the shear zone. Part (c) is a magnified illustration of the interface 
structure before and after the shear zone.  
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5.4.3 Al/3103 sheet composite 
The purpose of studying the Al/3103 composite was to reveal the material 
behaviour during ECAP of dissimilar sheet composites. As discussed above (see 
Chapter 4), the Al/3103 composite was fabricated under constant conditions based 
on the Al/Al composite study (70 mm length, 100 KN BP, 5 mm/s pressing speed 
and machine brushed).  
Figures 4.64–4.68 show the OIM micrographs of this composite after 
ECAP. It can be seen that the microstructure appeared somewhat different from the 
Al/Al composite. Although the grain refinement characteristics were similar, i.e. no 
significant grain refinement, the grain structure looked different. Firstly, the two 
materials underwent different amounts of grain refinement. This is probably due to 
an effect of the initial grain size. The initial grain size of CP Al was quite large as 
compared to the as-received grain size of the alloy 3103. In other words, large 
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Figure 5.22. A schematic illustration of the proposed bonding mechanism operating during 
ECAP of multiple sheets. (a) macroscopic view of the sheets with interface and shear zone 
(red dashed line); (b) microstructure evolution before and after ECAP; (c) interface structure 
before and after passing through the shear zone depicting the virgin metal extrusion.
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grains have an inherent tendency for deformation heterogeneity leading to 
deformation bands and other inhomogeneties (see Section 5.2.2), while smaller 
grains deform more uniformly.  
Secondly and most importantly, Figs 4.67–4.68 show very fine grains 
along the interface. While grains on either side of the interface had relatively less 
grain refinement, grains obtained at the interface were ultra-fine (see Fig 4.70). 
This is believed to be an effect of different flow stress and strain hardening 
properties of the two materials. Another difference between Al/Al  and the current 
Al/3103 composite is that the former showed good bonding (under optimal 
conditions) resulting in almost no interface, while the latter composite had a 
discontinuous interface similar to that observed by Vaidyanath et al. in their study 
on rolling [253]. Also the latter authors attributed the appearance of a 
discontinuous interface to the difference in work hardening parameters. The 
characteristics of the brittle layer formed on top of the rough surface depend on the 
work hardened layer produce during surface preparation. Different work hardening 
behaviours could lead to varying layer properties, thus leaving local discontinuities 
after ECAP. In fact, this could be observed as some interface regions had local 
prevailing discontinuities (Fig 4.71). 
These investigations were conducted to simplify the interface structure and 
to understand the interface evolution when two different materials were ECAP’ed 
under constant operating conditions. It is considered useful to correlate the 
interface evolution with regard to the macrocomposite. For instance, the interface 
characteristics of dissimilar sheets can be used for understanding the streak of fine 
grains observed in the ECAP’ed macrocomposite (see Fig 4.44). Two events might 
probably have occurred during ECAP. First, partial recrystallization could occur at 
the interface leading to a nucleation of fine grains. A similar mechanism has been 
observed by others [253, 332, 333]. Secondly, it is possible that different work 
hardening parameters can lead to break-up of brittle phases into fine fragments, as 
actually observed in the present Al/3103 sheet composite. 
Also, the three point bending tests revealed that the interface of the 
Al/3103 composite withstood high stress (~170 MPa) at about 157° bending of the 
sample without failing. The black lines in Fig 4.73 indicate the effect of severe 
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compressive stresses being present during bending. This showed that the Al/3103 
sheet composite could be fabricated with good bonds between the two different 
materials. In addition, the microhardness measurements show that the material 
became stronger after ECAP. 
In summary, the primary aim of processing the Al/3103 composite was to 
reveal important effects of involving different materials, e.g. regarding the 
microstructural behaviour and the formation of fine grains at the interfacial regions. 
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Chapter 6: Future scope: Applications and Challenges 
6.1 Introduction 
The results and discussion of the different materials (CP Al, bi-metal and 
sheet composites) in the present study, not only demonstrate the potential 
application of the techniques and materials for various purposes, but also 
acknowledge the need for more investigations and understanding of underlying 
mechanisms that are necessary for processing more robust advanced Al/Mg bi-
metal materials. Some of the possible applications and the challenges of the 
different materials and processes are treated in the following paragraphs. 
6.2 ECAP of pure aluminium billets 
Investigations on pure aluminium are directed towards understanding the 
behaviour of Al with regard to a combination of temperature and large strain 
deformation. Firstly, the discussion reveals that even though, pure Al is susceptible 
to significant thermal effects on plasticity during high temperature processing, it is 
possible to refine grains from the as-cast state significantly up to 250°C. The 
mechanisms in the microstructure evolution change significantly first at 350°C. 
This is an important observation as most of the ECAP processing involving Al 
alloys and Al based composites are carried out at RT. Hence, the present study 
indicates that high temperature processing up to 250°C can retain acceptable 
mechanical properties. Also, when processing alloys, the additional solute effect 
and precipitation could lead to even finer grains after ECAP at 250°C. Secondly, 
for the initial two ECAP passes, the effect of temperature on the microstructure is 
minimal, leading to the conclusion that Al based materials can  be pre-treated with 
ECAP at a high temperature (T/Tm~0.7) before further processing. Finally, a good 
combination of strength and ductility can be achieved with high fractions of small 
equiaxed grains [6]. From the observations in this study, although the grain 
structure is much finer at RT, grains are relatively fine, more equiaxed and the 
fraction of HAGBs is high at 250°C as compared to RT processing. Hence, it is 
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suggested to firstly achieve fine grains at 250°C before processing at RT and 
thereby obtain better properties than that achieved by RT processing alone.  
 In order to understand the behaviour of pure Al at high temperatures with 
respect to strain and temperature, some further investigations are to be made. For 
example, the effect of temperature on the mechanical properties with increasing 
temperature and strain should be studied. As explained in Chapter 5, the effect of 
impurities on the microstructure evolution of pure Al with respect to strain and 
temperature is not fully understood. Also, in the present study, the effect of 
temperature on the microstructure has not been revealed for strains >8. It would be 
interesting to see whether the microstructure evolution saturates or changes after 8 
passes and increasing temperature. Also, the effect of initial grain size upon 
increasing strain at different temperatures should be investigated as the initial large 
grains are influencing the initial microstructure evolution up to T = 350°C. 
6.3 ECAP of Al/Mg bi-metal  
 The Al/AZ31 rod type bi-metal investigations reveal the potential for 
processing the hard-to-deform AZ31 material by encasing it with a more 
deformable material. Although a similar configuration has been demonstrated 
previously [226], ECAP processing of such a configuration can only lead to better 
properties if grain refinement is achieved. However, the present rod type 
reinforcement leads to interfacial shear displacements at the interface (see Chapter 
5) and hence, a flat interface geometry is suggested for better properties since the 
interface deformation then would involve compressive stresses and reduce 
interface displacements. 
 Anyway, the Al/Mg macrocomposite is the most interesting of all the 
materials studied herein. A high strength along with reasonable ductility has been 
demonstrated (Chapter 5). In order to illustrate the potential of this new genre of 
materials, an empirical model based on the various material characteristics is put 
forth in the following. 
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 The yield strength of the Al/Mg macrocomposite (ߪெ஼) can initially be 
expressed as, 
                                  ߪெ஼ ൌ ௙ܸሺ஺௟ሻ ή ߪ஺௟ ൅ οߪூே்                                        (6.1) 
where, ߪ஺௟ and ௙ܸሺ஺௟ሻ represent the yield stress and the volume fraction of pure Al 
respectively, and οߪூே் is the additional strengthening due to the interface effects. 
For the present case, ௙ܸሺ஺௟ሻ ؆ ͲǤͻ͹ was obtained from volume fraction calculations 
by analysing area fractions in different planes and taking ߪெ஼ = 275 MPa. Further, 
as explained before (Chapter 4), Al contains about 3 wt% of dissolved Mg (mean 
value) locally. Furukawa et al. [334] developed an equation for  microhardness 
versus grain sizes for an Al-3Mg alloy processed by ECAP (HV = 46 + 35d-0.5), 
where d is the mean grain size. Accordingly, the yield strength of an Al-3Mg alloy 
after 1 pass at RT was ~240 MPa [329]. Substituting these values into equation 
(6.1), this gives οߪூே் ؆ 35MPa. The οߪூே் value can be expressed as the sum of 
the effect of strengthening by the interface regions and can be expressed as 
follows:         
                                                       
                                 οߪூே் ൌ ሺͳ െ ௙ܸሺ஺௟ሻሻ ή ܭூிଷାூிସ                                (6.2) 
 Here, ܭூிଷାூிସ represents a combined strengthening effect of interfaces 
labelled, IF3 and IF4. Li et al. [335] studied the interface strengthening ability in 
Cu/Al multilayers and showed that an increasing lattice mismatch increased the 
interface strengthening ability (analogous to ܭூிଷାூிସሻ. From their report, ܭூிଷାூிସ
can be expressed as, 
                                    ܭூிଷାூிସ ൌ ߢ ή ߣି
భ
మ                                                  (6.3) 
                                    ߢ ൌ ߟߤඥܾሺߜ െ ߝሻ                                                  (6.4) 
Here, Ȝ is the interface layer thickness; Ș is a constant independent of the 
material, μ represents the shear modulus of the matrix and b, į and İ represent the 
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Burger’s vector, lattice misfit and misfit strain respectively. Hence, οߪூே் can be 
rewritten as, 
                          οߪூே் ൌ ሺͳ െ ௙ܸሺ஺௟ሻሻ ή ߟߤඥܾሺߜ െ ߝሻ ή ߣି
భ
మ                      (6.5)  
The above equation shows thatοߪூே் ן ߣି
భ
మ. Hence, equation (6.1) can be 
written as, 
                          ߪெ஼ ൌ ௙ܸሺ஺௟ሻ ή ߪ஺௟ ൅ ሺͳ െ ௙ܸሺ஺௟ሻሻ ή ܿ ή ߣି
భ
మ                        (6.6) 
Here, c is constant. 
It is to be noted that the effect of interface regions observed in the finally 
processed macrocomposite is different from that obtained in the as-screw extruded 
composite. In the as-screw extruded condition, interface regions lead to a local 
strengthening lattice and an elastic mismatch, resulting in a change in the forces 
acting on the glissile dislocations in regions close to interfaces [336, 337]. The 
effect of such an interface configuration is explained above (ܭூிଷାூிସ). However 
after ECAP, though these effects still remain in effect, the configuration of the 
interfaces is different from the as-screw extruded condition. In case of the 
ECAP’ed material, IF3 and IF4 are thin, long and discontinuous. This means that 
the presence of intermetallic interfaces act as reinforcements. Hence, οߪூே் can be 
modified to, 
                              οߪூே் ൌ ݔ ή ܿ ή ߣି
భ
మ ൅ ሺͳ െ ݔሻ ή οߪ஽ு                           (6.7) 
Here, οߪ஽ுcorresponds to the effect of intermetallics acting as dispersoids 
and x represents the fraction of the interfaces that are continuous, i.e. planar and 
long interfaces. Strain accommodation by dislocation storage is believed to be 
accelerated due to the reinforcing effect of the intermetallic particles (i.e. 
discontinuous interfaces). This can be understood from the obtained yield strength 
of the cold-rolled ECAP sample (~400 MPa). The yield strength increases about 
1.5 times for the ECAP + cold-rolled sample (CR) as compared to the ECAP’ed 
macrocomposite. This is believed to be due to the break-down of long streaks of 
interfaces into smaller dispersoids, thus resulting in a more homogeneous 
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distribution of intermetallics dispersed in the Al matrix containing dissolved 
magnesium. Hence, with increasing cold deformation, the first term in Eqn (6.7) 
disappears (assuming that almost all interface regions are broken down into tiny 
fragments) and the second term becomes more important. Hence Eqn (6.6) could 
be re-written for the final cold-rolled condition as,  
                          ߪெ஼஼ோ ൌ ௙ܸሺ஺௟ሻ ή ߪ஺௟ ൅ οߪ஽ு                                            (6.8) 
The CR sample exhibited a yield strength of about 395 MPa.  Substituting 
௙ܸሺ஺௟ሻ ؆ ͲǤͻ͹, ߪெ஼஼ோ = 395 MPa, ߪ஺௟ ൌ ͵͵Ͳ MPa [329], this gives οߪ஽ு ~65 
MPa. Now, οߪ஽ு is an effect of the small plate-like dispersoids. Hence, in order to 
achieve a strength of οߪ஽ு ൌ 65 MPa, and using Orowan’s equation for dispersion 
hardening [338-340], the size of the intermetallic particles are ~20 nm for equiaxed 
particles.  
However, it is logical to assume that although the intermetallic interfaces 
are broken down to fragments, reduction to a size of ~20 nm is probably difficult in 
this material. In addition, some POMs show that large particles as big as ~20 μm 
could be present. Also, some continuous sections still remained unbroken. The 
present structure cannot be assumed to be plate-like structures as the width of these 
particles would be very large (few hundreds of microns) as compared to the 
thickness (less than 1 μm). Hence, the additional stress ሺοߪ஽ுሻ is believed to 
contain additional hardening contributions probably due to increased dislocation 
densities and grain boundary segregation of Mg. Several works have reported such 
strong segregation characteristics of Mg in Al alloys after ECAP along the non-
equilibrium grain boundaries, e.g. changing the excess energy of the grain 
boundaries [330, 331, 336, 340-345]. This is in addition to the fact that Al alloys 
containing high Mg solute contents, show excess segregation along grain 
boundaries [346, 347]. As a result of segregation, dislocation mechanics is changed 
resulting in a high required stress for dislocations to go past the obstacles, thus 
increasing the yield strength.  
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In Al-Mg alloys solid solution and grain boundary strengthening are 
predominant mechanisms, while in the present macrocomposite additional 
hardening comes from the presence of interface intermetallics. If the interface 
structures are not completely broken down into tiny fragments, as is the case in the 
present material, further strengthening by resisting slip transmission across the 
interfaces occurs. Also, very fine grains formed at the interface boundaries 
contribute to the strengthening.  Thus the additional stress components ሺοߪூே்ሻ and 
ሺοߪ஽ுሻ can be replaced with a single term representing total additional stress 
ሺοߪ௧௢௧ሻ : 
ሺοߪ௧௢௧ሻ ൌ ݔ ή ܿ ή ߣି
భ
మ ൅ ሺͳ െ ݔሻ ή οߪ஽ு ൅ οߪீ஻ ൅ οߪோ                  (6.9) 
In Eqn (6.9), the first term refers to interface strengthening, the second 
term is strengthening due to the fragments of interfaces broken down to dispersoids 
during cold working, the third term ሺοߪீ஻ሻ refers to strengthening by grain 
boundary segregation and the last term, ሺοߪோሻ, represents strengthening by fine 
grains formed at the interface boundaries. With regard to Eqn (6.9), Eqn (6.6) can 
now be re-written as,  
ߪெ஼ ൌ ௙ܸሺ஺௟ሻ ή ߪ஺௟ ൅ ݔ ή ܿ ή ߣି
భ
మ ൅ ሺͳ െ ݔሻ ή οߪ஽ு ൅ οߪீ஻ ൅ οߪோ     (6.10) 
This equation represents the total strength achieved by the Al/Mg 
macrocomposite containing intermetallic interfaces. In order to validate the 
equation, more analysis of microstructures are required in order to identify 
different components and their contributions. 
Figure 6.1 shows yield strength as function of strain. Data for other Al-Mg 
alloys were obtained from literature [169, 297, 320, 329].  It should be remarked 
that values obtained for the present macrocomposite are subject to discretion. 
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The initial yield strength (marked SE in Fig 6.1) corresponds to the yield 
strength of the as-screw extruded condition, and EC refers to the yield strength of 
the ECAP’ed condition at 200°C and CR refers to the yield strength of the finally 
cold-rolled material at RT.  
The strength of the present Al/Mg macrocomposite is most probably 
“underestimated” as the processing involved different temperatures, i.e. for screw 
extrusion, ECAP and cold-rolling. However, considering the negative effect of the 
elevated temperatures applied here, lower processing temperatures would probably 
increase the strength. For instance, ECAP could probably be conducted at a lower 
temperature. Also, it would be valuable to conduct separate ECAP experiments on 
the macrocomposite to different accumulated strains in order to understand the 
precise effect of strain on yield strength. However, the curve clearly shows that the 
macrocomposite has higher strength than the Al-Mg alloy counterparts with similar 
composition. Also, processing the Al/5 wt% Mg macrocomposite containing less 
than 5 wt% Mg content is easier than processing a conventional solid solution Al-5 
wt% Mg alloy. 
Figure 6.1. Yield strength as function of von Mises strain for different Al-Mg 
alloys compared to the present macrocomposite containing 5 wt% alloy AZ31.
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The above preliminary physical modelling shows that additional 
strengthening parameters, for e.g. dispersion hardening from intermetallic particles, 
possible grain boundary segregation of Mg, enhanced dislocation accumulation due 
to interactions with intermetallics and Mg solid solution strengthening are probably 
responsible for the high strength achieved. 
 Consequently, this new concept involving mechanical alloying may 
introduce a new avenue of interest in fabrication, analysis, modification and 
development of materials processed by severe deformation. 
6.4 Sheet composites 
The above discussion on the different sheet composites (Al/Al and Al/3103 
composites) was focussed on understanding the experimental and material 
behaviour on the evolution of bonding during ECAP. Although, different 
experimental parameters were investigated in Al/Al sheet composites, the effect of 
stacking was lacking. In other words, the effect of different number of sheets 
stacked together and the direction in which they were stacked were not studied. 
Such kind of investigations could reveal important implications on strength and 
microstructure. For instance, layering sheets only a few microns thick would mean 
several thin sheets stacked on top of each other. Processing of such a configuration 
after, for instance anodising, would result in more oxides at the bonding surfaces, 
thus making the entire composite reinforced with alternate layers of alumina 
enhancing the mechanical properties. Similarly, using stronger material in-between 
alternate sheets would result in very fine grains at interfaces during deformation. 
For instance, replacing the AA3103 alloy with a relatively stronger light material 
such as Ti, would probably produce enhanced grain refinement at the Al/Ti 
interface along with a good bonding.  
 Some suggestions for future work have been given above. However, the 
present study being relatively new and novel, will have numerous additional 
opportunities to explore and the scope of such investigations is wide open owing to 
the very limited literature existing on such materials (Al/Mg bi-metals and Al 
based sheet composites) subjected to severe plastic deformation.   
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Chapter 7 Conclusions 
The main conclusive comments from the present study can be summarized as 
follows: 
• The effects of deformation temperature (RT, 150°C, 250°C and 350°C) and  
accumulated strain on the microstructure evolution of commercial pure 
aluminium (CP Al) processed up to 8 passes by ECAP route Bc were 
investigated. During the first two passes, there was no significant effect of 
temperature. With increasing strain, influence of recovery increased with 
increasing temperature.  
• Microstructure evolution in CP Al was dominated by the formation of GNBs, 
accommodating a significant portion of the excess strain up to four passes at 
all processing temperatures. Further straining led to progressive dislocation 
accumulation and rotation of SSDs into HAGBs for samples deformed at RT, 
while recovery occurred at higher temperatures (up to 250°C). For samples 
deformed at 350°C, onset of recovery was triggered even during the initial 
passes. The microstructure evolved as a result of balancing GNB evolution 
and recovery.  
• In CP Al, there was significant grain refinement in all samples at all 
processing temperatures. The mean grain size decreased with increasing strain 
but increased with increasing temperature. ECAP at RT showed the highest 
grain refinement, to ~700 nm, and processing at 350°C gave the least 
refinement, to ~120 μm after 8 passes. Also, samples processed up to 250°C 
showed a homogeneous grain structure but at 350°C the microstructure 
became very inhomogeneous. This was attributed to differences in their 
evolution mechanisms. 
• For CP Al, stored energy calculations and texture analysis corresponded to the 
explanations discussed in regard to various microstructure evolutions with 
increasing strain and temperature. Interestingly, samples deformed at 350°C 
seemed to undergo static recrystallization after 6 passes ECAP. 
• The CP Al investigations suggested that pure aluminium can be significantly 
refined, down to ~5 μm after 8 passes at 250°C. This gave insight into the 
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possibility of deforming at higher temperatures without compromising grain 
refinement and at the same time reducing the force required to press hard-to-
deform bi-metals containing aluminium as a component. 
• The studies on Al/AZ31 bi-metal were divided into two parts. The first part 
involved processing a rod type (core-shell) material, i.e. to understand the 
bonding characteristics of the Al/Mg combination. The second part dealt with 
fabrication trials of a high strength Al/AZ31 Mg alloy macrocomposite for 
structural applications. 
• The investigations on Al/AZ31 bi-metal showed that it was difficult to ECAP 
the as-cast AZ31 Mg alloy at T<350°C due to premature cracking, even if 
encased with pure aluminium. However, the Al/AZ31 bi-metal was 
successfully fabricated at 350°C and was further investigated as to interface 
characteristics with increasing ECAP strain up to ~6 by route Bc. 
• The interfaces formed in the Al/AZ31 bimetal consisted of two regions, 
namely, the IF1 made of a Mg17Al12 intermetallic and the IF2 constituted by an 
Al3Mg2 intermetallic. 
•  The tensile test results of the Al/AZ31 bi-metal showed that the yield strength 
was predominantly dependent on the weaker shell (pure Al). Hence, it was 
concluded that a single and thick brittle interface would be detrimental to the 
idea of achieving high strength and therefore a multi-interfaced structure was 
suggested to be more promising. 
• An Al/Mg macrocomposite was then fabricated by a combination of hot screw 
extrusion and ECAP processing using pure Al chips and 5 wt% AZ31 alloy 
chips. The ECAP’ed material showed relatively high yield strength ~275 MPa. 
The high strength was attributed to the presence of a different interface-matrix 
configuration as compared to that of the initial material in the as-screw 
extruded condition. In addition, the dissolution of Mg in Al was also observed. 
A mechanism responsible for formation of the characteristic interface 
configuration was also discussed. 
• The ECAP’ed macrocomposite was subsequently cold-rolled in order to 
demonstrate the potential of a new genre of Al/Mg composites prepared by 
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screw extrusion and ECAP. The yield strength of the cold-rolled material 
increased substantially (~400 MPa) as compared to the ECAP’ed condition. 
The high yield strength in the cold-rolled state was attributed to the role of 
interfaces, here acting as non-shearable particles after being broken down into 
smaller fragments, combined with other microstructural effects such as grain 
boundary segregation, solid solution strengthening and grain refinement. The 
strength was then compared to literature data on similar Al-Mg compositions. 
It was concluded that cold rolling after ECAP was superior to the 
corresponding conventional binary Al-Mg alloys as to mechanical strength. 
• Finally, sheet composites were fabricated in order to simplify and understand 
the experimental and material characteristics of interfaces during ECAP. Here, 
Al/Al sheets were used to investigate the effect of experimental parameters. 
Effects of specimen length, back pressure, pressing speed and surface 
treatment on the interface characteristics were established.  
• The ECAP’ed Al/Al sheet composite revealed that surface treatment of the 
sheets before ECAP was very critical and only machine brushed samples 
achieved satisfactory bonding. Also, back pressure was very vital to achieve 
bonding. It was further concluded that the specimen should be at least 70 mm 
long to achieve sufficient hydrostatic pressure for bonding. Pressing speeds 
less than 5 mm/s proved to be detrimental for bonding. 
• Finally, investigations on an Al/AA3103 sheet composite showed that when 
materials with two different strain hardening behaviours were ECAP’ed, fine 
grains evolved at the interfaces. 
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Appendix A:  Parameters for EBSD scan data 
The EBSD scans for all materials studied (both pre-processed and 
processed) were performed in FEGSEM equipped with a NORDIF UF1000 
detector. The patterns were indexed offline in the NORDIF OIM DC 1.4 indexing 
software and analysed using TSL OIM 6.0 EBSD software. The CP Al samples 
were investigated using a Zeiss Ultra FEGSEM and the other samples were 
investigated using a Hitachi SU6600 FE-SEM. 
1. Parameters for performing EBSD scans in the Zeiss Ultra FEGSEM 
Accelerating voltage:  20 KV 
Working distance: 20 mm 
Tilt angle:  70° 
Aperture size: 300 μm 
Acquisition settings:   Frame rate: 300 frames per second (fps) 
Resolution: 120 x 120 pixels (px) 
Exposure time: 3283 μs 
Calibration settings:   Frame rate: 50 fps 
Resolution: 480 x 480 px 
Exposure time: 19950 μs 
  
Gain for both acquisition and calibration was adjusted according to the brightness 
of the patterns, based on the binning and sample conditions. The minimum possible 
gain was used in order to reduce noise. 
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2. Parameters for performing EBSD scans in the Hitachi SU6600 FESEM 
Accelerating voltage: 16 KV 
Working distance: 24-29 mm 
Tilt angle:  70° 
Aperture size:            Anode aperture 500 μm 
Objective aperture 50 μm 
Acquisition settings:   Frame rate: 300 frames per second (fps) 
Resolution: 120 x 120 pixels (px) 
Exposure time: 3283 μs 
Calibration settings:   Frame rate: 50 fps 
Resolution: 480 x 480 px 
Exposure time: 19950 μs 
  
Gain for both acquisition and calibration was adjusted according to the brightness 
of the patterns, based on the binning and sample conditions. Minimum possible 
gain was used in order to reduce noise (similar to Zeiss Ultra scans). 
Other adjustments 
The step-size for each scan was determined by the smallest grain/sub-grain 
size in the microstructure. An initial large step-size scan typically 1-5 μm was 
performed on a large area to obtain a rough estimate of the grain size. A subsequent 
scan, more precise, was performed such that the step size is 5 times smaller than 
the smallest rough grain/sub-grain size. Subsequently, the corresponding area was 
chosen.  
 Four corner points and a centre point were chosen to obtain sample EBSD 
spot patterns to calibrate the patterns. The four corners were chosen to take into 
account the shift in the pattern centre. In addition, one point was chosen inside the 
selected area as a sample acquisition pattern.  
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OIM analysis parameters 
After indexing the data, the .osc file was analysed in a TSL OIM 6.0 
package. The calculations for grain size was chosen such that the confidence index 
(CI) was at least 0.1. The clean-up process secured that the data was neither lost 
and no artefacts were added. Grain dilation was used carefully and for scans with 
small grain sizes, such as for ECAP at RT and 8 passes, neighbour CI correlation 
and CI standardisation cleaning techniques were used. 
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Appendix B:  EBSD line scans on the CP Al samples  
An OIM image of the CP Al sample processed at RT by ECAP route Bc up 
to 8 passes showing the location of line scans utilized (red lines): 
A series of misorientation profiles from the EBSD line scans of the sample 
processed by ECAP route Bc up to 8 passes at room temperature, were established. 
Line scans 2 and 3 were carried out along the shear direction, while line scans 1 
and 4 were carried out along the extrusion direction. It can be seen that some 
Line scan 
Line scan 
Line scan 
Line scan 
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regions show misorientation build-up (black circles), some regions reveal the 
occurrence of recovery (i.e. no change in misorientation).  
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